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ABSTRACT 
In this dissertation, we analyzed selected deposition and reaction processes on Si(100) 
using Kinetic Monte Carlo (KMC) simulation of suitable atomistic lattice-gas models. For 
the first project on the room-temperature deposition of Ga on Si(100), analysis of the island 
size distribution reveals that it is monotonically decreasing rather than monomodal, a clear 
departure from classical nucleation theory. KMC simulations of a realistic model recover this 
behavior, and simulations of refined models show that aggregation is responsible for the 
unexpected shape of the island size distribution. From these simulations, we were also able to 
extract reasonable values for the anisotropic diffusion barriers which recover key aspects of 
experimental data (e.g. average island size). Next, we extended this analysis to other known 
systems which exhibit a monotonically decreasing form of the island size distribution and 
found a large ratio of the nucleation rate to the aggregation rate in all cases. 
For the second project, we studied oxidation and etching of oxygen on Si(100) for a 
wide range of temperatures ranging from high to moderate. In the high temperature regime, 
etching via the removal of SiO dominates but increasingly competes with the formation of 
oxide clusters as the temperature approaches the 550 C - 700 C range. After prolonged 
etching, oxide-capped Si nanoprotusions gradually emerge as the dominant feature of the 
surface. We first developed a simplified atomistic model to describe this behavior under the 
conditions of layer-by-layer etching of a flat surface. In the subsequent modeling, focus was 
on oxidation and etching of vicinal Si(100) where detailed treatment of the equilibrium step 
structure and Si(100) dynamics makes it possible to analyze phenomenon such as step 
recession, pinning of receding steps by oxide clusters leading to the creation of "fingers", 
their subsequent pinch-off, and break-away islands. To our knowledge, this was the first 
attempt to include detailed description of the key surface diffusion processes (like di-vacancy 
diffusion) in lattice-gas modeling. In addition, we have also explored the effects of an 
enhanced nucleation at the step edges and its role in the emergence of fingers. 
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CHAPTER 1. GENERAL INTRODUCTION 
Si(100) is one of the most well-studied low-index crystal surfaces and continues to be 
the surface of choice for many deposition and reaction studies. This interest is no doubt 
driven by its central role in the fabrication of semiconductor devices. A wide range of 
processes, including homoepitaxial and heteroepitaxial growth, as well as etching via 
oxidation and exposure to halogens have been performed on Si(100) surfaces. Pioneering 
Scanning Tunneling Microscopy (STM) experiments by Hammers, et al [1] confirmed the 
reconstruction of Si(100) into rows of dimers. During reconstruction, the distance between 
two Si atoms in the [110] direction shrinks from the bulk value as they form a dimer. The 
dimers, in turn, arrange themselves in rows along the [-110] direction, i.e., orthogonal to the 
dimer axis. This reconstruction reduces the number of dangling bonds from two (on 
unreconstructed surface) to one (on the reconstructed surface) per atom and gives the Si(100) 
surface its inherent anisotropy. Because of the difficulty of cleaving silicon perfectly along 
the (100) plane, typically surfaces are not flat but consist of terraces separated by steps, and 
are thus normally referred to as stepped or vicinal surface. A finite density of pre-existing 
steps resulting from such an imperfect cut may sometimes interfere with the kinetics of the 
adsorbed species. Therefore, the presence of the steps needs to be taken into account 
explicitly and its effect on the evolution of the morphology ought to be quantified. 
1.1 OVERVIEW OF DEPOSITION AND REACTION PROCESSES ON 
Si(100) 
We will begin this section by describing previous experimental efforts on silicon 
homoepitaxy (Si on Si(100)) using different growth techniques: molecular beam epitaxy 
(MBE) or chemical vapor deposition (CVD). Then, we will follow it up with a quick 
discussion of the various modes of morphological growth of Ge on Si(100). Next, we will 
summarize the different metal deposition processes on Si(100), which can be classified 
broadly into two categories: non-reactive, exemplified by Group III, Group IV, and certain 
transition metals , and reactive, typified by silicides. We will close this section by examining 
etching on Si(100) via oxidation and via exposure to halogens. 
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1.1. Silicon Growth on Si(lOO) 
The importance of Si homoepitaxy not only in the microelectronics technology but as 
a model system for the study of fundamental growth processes cannot be overemphasized. 
The ever-decreasing dimension of semiconductor devices makes it necessary to understand 
the growth modes in Si homoepitaxy on a nanometer scale. Typically, Si atoms arrive at the 
surface from a molecular beam in MBE [2] or from chemical vapor source in CVD [3]. In the 
former, heated Si atoms evaporate from an evaporator and are allowed to deposit onto a 
substrate where they can diffuse and find a lattice site to stick to. In CVD, Si-containing 
gases like silane (SiHU) land on the surface of the substrate and then decompose. 
Subsequently, the hydrogen atoms desorb, leaving only Si atoms which form an epitaxial 
layer. Si homoepitaxy has two growth modes [4]: a 2D island growth mode characterized by 
formation of highly anisotropic islands and normally operative at low temperatures, and step-
flow growth mode which starts to kick in at higher temperatures, in which steps, acting as 
efficient sinks for the diffusing Si atoms, inhibit the nucleation of new islands on the terraces. 
A third, transient mode, is also predicted by theory and confirmed by experiment [4], The 
highly anisotropic shape of the islands that initially nucleate at low temperature during the 
2D island growth mode is believed to be due to sticking anisotropy - that is, the sticking 
coefficient at an end site of an island is 50 times more than at a side site [5]. 
1.2. Ge and Si, A Ge x on Si(100) 
Just as Si homoepitaxy has applications in the microelectronics industry, the 
Ge/Si(100) has been used as heterobipolar transistors and is compatible with the standard 
complementary metal-oxide-semiconductor technology that is essential in the fabrication of 
a wide range of semiconductor devices [4], Ge/Si(100) system is an example of strained 
heteroepitaxy, where the lattice mismatch between Ge and Si (Ge's lattice constant is about 
4.2% larger than that of Si) induces elastic strain as the Ge film develops. The growth mode, 
known as the Stranski-Krastanow growth mode, is initially dislocation-free [6] and is 
characterized by two stages. The first stage is a layer-by-layer growth during which the 
elastic strain energy increases as Ge film tries to adjust to the lattice contant of the Si 
substrate [4], Eventually though, this two-dimensional growth gives way to 3D growth as the 
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system gains energy from the elastic relaxation which results from the change in the 
morphology [4], During the early stage of the 3D growth, only the so-called "hut" clusters 
can be found; the name inspired by their appearance - four-sided pyramids with {105} facets 
tilted by 11.3° with respect to the surface [7]. However, as the thickness increases another 
type of steeper, multi-faceted "dome" cluster emerges. This transformation from hut to dome 
cluster tends to increase the (stress) relaxation level due to the latter's higher aspect ratio [4]. 
Finally, some of the isolated 3D clusters which are generally associated with dislocations at 
the island-substrate interface [8], known as "super-dome", may grow very big and become 
sinks for diffusing adatoms [9]. 
Likewise, deposition of Si ^  Ge x on Si(100) follows a similar pattern in which 
lattice strain results initially in the formation of 3D "hut" clusters; the later stages 
characterized by the appearance of steeper, larger islands, and ultimately, dislocations [10]. 
Whether these 3D islands nucleate may depend on the amount of strain; the island formation 
is preceded by a series of steps [10]. The first of these steps is the onset of (2xn) surface 
reconstruction at submonolayer Ge coverages [11], followed by the bunching of substrate 
steps [10]. On the other hand, for low lattice misfits, the formation of 3D islands may follow 
a different route which does not involve nucleation; stepped mounds which evolve from the 
planar alloy may transform directly into these 3D islands [12]. 
1.3. Metals on Si(100) 
Deposition of metals on Si(100) can be classified as either non-reactive and reactive. 
Group III and Group IV atoms self-assemble into single-atom wide chains, or nanowires, 
and fall into the former category. Previous experimental studies on this class of metals 
typically analyzed STM data to uncover the mechanisms governing their organization into 
islands and their subsequent growth [13-18]. Moreover, early theoretical studies done on 
these systems by Brocks, et al., attempted to map the potential energy surface and find 
possible diffusion pathways [19]. Another well studied non-reactive deposition system is Ag 
on Si [20]. Ag on Si(100) exhibits an interesting growth mode in which initially, a 2D 
wetting layer develops at around 1 ML ( 1 ML= 6.78 x 1014 atoms/cm2) [21]. At higher 
coverages, 3D islands characteristic of Stranski-Krastanow growth mode begin to nucleate 
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[21]. Coinciding with the onset of growth of these 3D islands is the partial unwetting of the 
2D surface (i.e., Ag atoms from the the 2D layer join the 3D islands and in the process 
uncover part of the Si substrate) [21]. 
The second category, in which metals react with Si (reactive deposition), includes 
rare-earth metals that form metal disilicide MSi, 7 and likewise self-assemble into nanowires 
on Si(100). These nanowires coexist and compete with growth of compact silicide islands 
[22]. Through careful selection of the rare-earth metal and controlling its growth kinetics, 
optimal growth can be achieved [22]. Another class of silicides, CoSi2, has wide-ranging 
Integrated Circuit (IC) applications which include transistors with permeable base. Part of its 
appeal lies in its low electrical resistivity, small lattice mismatch with Si, and its thermal 
stability [23]. Another system which exhibits novel behavior is Ti/Si(100) in that a reactive 
process has the lowest activation barrier [24]. Hence, instead of diffusive hopping it 
penetrates into a near-surface interstitial site, and in doing so displaces a surface Si atom, a 
process that signals the beginning of silicidation [24]. 
1.4. Etching with Oxygen 
Studies on oxidation of silicon surfaces [25-31], particularly Si(100), have attracted a 
lot of attention in the microelectronics industry because of its crucial role in the fabrication of 
semiconductor devices, and specifically, the need to regulate the electrical properties of 
Si02/Si interfaces normally found in metal-oxide-semiconductor structures. Moreover, 
oftentimes, there is a need to control surface roughening which results from brief exposure to 
trace amounts of O2 at any stage during the multi-step processing of these semiconductor 
devices. 
Typically, oxygen molecules from a beam (MBE) deposit onto the surface and 
immediately undergo dissociative adsorption. Once adsorbed, the growth mode of the oxygen 
atoms is influenced by the surface conditions such as temperature and pressure. Three broad 
regimes may be identified - high temperature, low temperature and transient regimes. 
However, etching takes place predominantly at the high temperature regime through reactive 
desorption of oxygen. A typical desorption event creates a monovacancy in the Si substrate, 
which immediately transforms into a di-vacancy (DV) plus an ejected Si atom [32]. In turn 
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these DVs mediate nucleation of monolayer-deep pits on the terrace, or in the case where it 
reaches the step edge, leads to step etching. Furthermore, this regime is marked by an 
absence or near-absence of oxide clusters since the surface loses most of these O atoms 
through the desorption channel [31]. At low temperature, etching is mostly absent, allowing 
O atoms to passivate the surface and form an oxide film [33]. Growth of oxide clusters in this 
regime obeys Langmuir kinetics. In contrast, the so-called transition regime simultaneously 
allows for both etching and nucleation of oxide clusters [26-28], 
1.5. Etching with Halogens 
The process of removing material from a surface (like Si(100)-2xl) via exposure to a 
halogen species is known as halogen etching, and the technique has been widely employed in 
the fabrication of microelectronic devices. Most of the features observed in oxidation-
induced etching are also present in halogen-etched Si(100) surface. For example, the same 
preferential etching of ragged S B steps, as well as the monolayer-deep vacancy pits 
reminiscent of oxygen-etched vicinal Si(100) are also found in bromine-etched surface [34]. 
Some experimental studies on CI on the other hand, focus on roughening via creation of 
regrowth islands (formed via the migration of Si adatoms from pits), where it was found that 
their aspect ratios are size dependent [35]. It is important to note that in these experiments 
temperature is low enough so that etching via SiCl2 desorption is not activated. Instead, 
surface roughening appears to be due to recycling of CI [36]. 
2. MODELING TECHNIQUES 
In systems that can be described by a lattice-gas model, each atom or molecule is 
allowed to occupy discrete points in a lattice which reflects the crystal structure. Each of 
these points corresponds to the local minimum on the potential energy surface, i.e, an 
atom/molecule is sitting on a potential well. For these systems, modeling the evolution of the 
surface morphology during a non-equilibrium process such as epitaxial growth can be 
handled efficiently using a Kinetic Monte Carlo (KMC) simulation. The efficiency of KMC 
simulations derives from the fact that rapid vibrations of the atoms, which do not result in 
any real change in configuration, are simply ignored. Instead, it is the rare event - deposition, 
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desorption, diffusion, etc., that is executed, each time taking the system from one distinct 
configuration to another. This high degree of efficiency of KMC makes it possible to 
simulate a process on a scale of the laboratory experiment. For instance, during oxidation of 
Si(100), removal of one layer of silicon occurs on a scale of minutes [27]. The evolution of 
this system is necessarily dictated by the rate in which the slowest process proceeds (which 
in this case is desorption of SiO leading to etching). 
A typical KMC implementation necessarily requires identification of all the different 
processes involved, and the correct assignment of the rates for such processes. The latter can 
be obtained through the application of either transition state theory, first principles density 
functional theory, or molecular dynamics type calculations [e.g., uses empirical potentials 
like Stillinger-Weber], In many cases, input to KMC simulations can also be extracted from 
experiments. Within the framework of transition state theory the diffusion rate of a single 
atom or molecule is assumed to be of the Arrhenius form, v exp(-E acl /kT), where v is a 
prefactor which physically corresponds to the frequency of vibration, T is the temperature, k 
is the Boltzman constant, and E act is the activation barrier for the process. In the absence of 
anisotropy, often a simple model is used where Eflc, consists simply of a substrate term, E 5, 
plus the contribution due to nearest-neighbor interaction, nç, i.e., Eact= Es + nç, where n is 
the number of occupied neighbors. 
To give us an idea of the actual implementation of KMC, a brief description of a 
widely used KMC algorithm known for its efficiency - the Bortz-Kalos-Lebowitz algorithm 
[37], is in order. First, we need to choose an initial configuration from which the system 
would evolve and identify every possible microscopic process, i, that is accessible from this 
configuration. Then, a dynamic list of species associated with each process is created. The 
total rate for this process, r _, is given by r . = k. N., where k. is the microscopic rate, and 
Nf. is the number of species associated with process i. The total transition rate, R, of the 
system can be computed by summing the individual transition rate for each process, rz, i.e, 
R=^ where M is the total number of microscopic processes. Then, with 
probability r j R ,  we implement process i, randomly choosing one particle from the 
appropriate list of N, particles. As a final step in this cycle, time is incremented by adding 
At = l/R to the total time, with At being the average time between two successive events. 
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However, in practice, progress of the simulation of growth (etching) is more efficiently 
measured not by the KMC time, but by coverage (number of layers etched), which is related 
to the amount of adsorbate covering the surface. 
3. DISSERTATION ORGANIZATION 
This dissertation is largely based on four papers, of which three are published, while 
one is still to be submitted. Paper 1 (Chapter 2), published in Phys. Rev. B 72, describes our 
effort to model the deposition of a Group III metal, Ga, on Si(100) and its subsequent 
assembly into ID rows or islands as seen in STM images. This paper examines the unusual 
form of the size distribution via the application of KMC modeling and electronic structure 
calculations. Paper 2 (Chapter 3), published in Surface Science 555, investigates etching and 
oxidation of Si(100) at moderate temperature and pressure, in the so-called transition regime, 
where etching competes with formation of oxide clusters on the surface. Because one of the 
major goals is to simulate the evolution of the surface morphology after removing several 
layers of Si, step structure and dynamics at the steps were not implicitly included in the 
modeling as the long-term formation of Si nanoprotusions is not sensitive to these features. 
Thus, the pits found between these nanoprotusions are idealized as perfectly elliptical, 
instead of the more realistic ragged, but still generally elliptical shape which holds in this 
temperature regime. Paper 3 (Chapter 4), to be submitted to Physics Review B, revisits 
oxidation and etching of Si(100) under identical conditions as in paper 2, though this time a 
unified treatment of the etching of pits and that of the steps is included. This means that the 
step structure and dynamics are now explicitly taken into account and that the phenomenon 
of pinning of the step edges by oxide clusters may now be intensively investigated. Chapter 5 
of this dissertation is an extension of paper 3 and additionally explores the consequences of 
an enhanced nucleation at the step edges. Finally, we have included paper 4, which appeared 
in Materials Research Society (MRS) proceedings 859 E, and used it as an appendix. Its 
material partially overlaps with paper 3. 
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CHAPTER 2. MONOTONICALLY DECREASING SIZE 
DISTRIBUTIONS FOR ONE-DIMENSIONAL GA ROWS ON Si(100) 
A paper published in Physical Review B1 
M. A. Albao2 , M. M. R. Evans3, J. Nogami4, D. Zorn5, M. S. Gordon5, and J. W. Evans6 
ABSTRACT 
Deposition at room temperature of Ga on Si(100) produces single-atom wide metal 
rows orthogonal to the Si-dimer rows. Detailed analysis using scanning tunneling microscopy 
reveals a monotonically decreasing size (i.e., length) distribution for these rows. This is 
unexpected for homogeneous nucleation without desorption, conditions which are operative 
in this system. Kinetic Monte-Carlo simulation of an appropriate atomistic model indicates 
that this behavior is primarily a consequence of the feature that capture of diffusing atoms is 
greatly inhibited in the Ga/Si(100) system. The modeling also determines activation barriers 
for anisotropic terrace diffusion, and recovers the experimental distribution of metal rows. In 
addition, we analyze a variety of other generic deposition models and determine that the 
propensity for a large population of small islands in general reflects an enhanced nucleation 
rate relative to the aggregation rate. 
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I. INTRODUCTION 
Deposition of atoms on perfect low-index single-crystal surfaces typically leads to 
diffusion-mediated organization into islands [1-3]. These islands could be one-, two- or 
three-dimensional, compact or dendritic or fractal, coherent or dislocated, depending on such 
factors as the surface or substrate symmetry, the lattice mismatch between overlayer and 
substrate, and the efficiency of island shape relaxation dynamics. Availability of atomic 
resolution scanning tunneling microscopy (STM) images allows detailed comparison 
between measurements of island density, size distributions, and structure, and predictions of 
atomistic models of growth [1-3]. Ideally, such modeling provides insight into the key 
atomistic processes controlling growth. This approach can be particularly effective if 
judiciously selected variations of the model are simulated to identify the effect of specific 
processes. Ideally, modeling also allows accurate determination of the activation barriers for 
these processes. These barriers may not be readily or precisely accessible from electronic 
structure calculations. Ultimately, insight derived from this combination of experiment and 
modeling can lead to better control of nanostructures formed during deposition. 
In this paper, we report on the room temperature growth of Ga on Si(100) for which 
scanning tunneling microscopy (STM) studies reveal that the metal islands formed during 
deposition are single atom wide one-dimensional atomic rows [4-7]. Similar behavior applies 
for other Group III metals, In, A1 [4-7] and T1 [8] and for the Group IV metals, Sn and Pb [9]. 
Precise data for the Ga island size distribution reveals an unconventional monotonically 
decreasing form. (Size distribution data showing the same form was also taken for Sn and In, 
but it will not be included here.) This form will be recovered from simulations of an 
atomistic modeling incorporating the key features of adatom interactions in this system: sites 
adjacent to metal rows are energetically unfavorable, and adatoms aggregate only at the ends 
of rows. 
Several features make Group III metals on Si(100) an ideal class of systems for study. 
First, multilayer growth is strictly absent in the low coverage regime, ja <0.5 ML, so 
modeling need not address population of higher layers. Second, STM studies [4-7] as well as 
electronic structure calculations [10] provide insight into the adatom interactions mediating 
the local atomic arrangement of adatoms into islands or rows on the surface. Specifically, 
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metal adatoms have a strong tendency to form dimers which constitute the minimum stable 
unit on the surface, a feature exploited in our modeling. These metal dimers in turn arrange 
themselves in rows which lie orthogonal to the Si-dimer rows on the clean 2x1 reconstructed 
Si(100) surface. There is an effective repulsion between metal rows which are directly 
adjacent. Consequently, such rows must be separated by a minimum distance of 2a (shown as 
A in Fig. 1), where a = 0.384 nm is the Si unit cell spacing. Diffusing metal adatoms can 
bond with rows only at the two end sites (shown as B and grey squares in Fig. 1) which are 
highly reactive due to the presence of dangling bond states. Those sites adjacent to a metal 
row are energetically unfavorable (shown as C and X'ed squares in Fig. 1) presumably since 
half of the Si associated with that row are already bonded to metal atoms. Thus, aggregation 
of diffusing adatoms with the metal rows is highly restricted. These and other features shown 
in the schematic, Fig. 1, are consistent with the STM data and analysis immediately 
following. They also serve to illustrate the essential ingredients of our atomistic model, 
described in more detail in Sec. III. 
Experimental results are first presented in Sec. II. Then, we describe our atomistic 
model in Sec. Ill, and compare predictions of this model obtained from kinetic Monte Carlo 
simulation with experimental observations in Sec. IV. Then, in Sec. V, we present a more 
detailed analysis and elucidation of the dependence of island nucleation behavior on different 
specific aspects of this model. Next, in Sec. VI, we review behavior of models which have 
some features in common with our model for Ga on Si(100). In addition, in Sec. VI and the 
Appendix, we provide a comprehensive analysis of a broader class of models to reveal that 
enhanced nucleation relative to aggregation in general boosts the population of small islands 
and can produce monotonically decreasing island size distributions. Finally, our findings are 
summarized in Sec. VII. 
II. EXPERIMENTAL RESULTS AND ANALYSIS 
A typical STM image of a Ga rows formed by deposition of 0.09 monolayers (ML) of 
Ga on Si(100) at room temperature with F = 10 "3 ML/s is shown in Fig.2. In order to 
appropriately analyze such experimental data for the metal island or row size distribution, we 
first recall a central observation from recent analyses in nucleation theory. For island 
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formation during deposition, simulation [11,12] and theory [12,13] indicate that the density 
(per site) of islands of size s (measured in atoms) satisfies the scaling relation 
W , ,  N l d  n s K s » = g f ( s K s »  ( 1 )  
< S > < s > 
Here, Nisl = 91 < s > denotes the mean island density (per site), for coverage 0 given in 
ML, and mean island size < j > The scaling function,/(x), describes the shape of the island 
size distribution as a function of the scaled island size x -s/< s > . This function is 
normalized so that J' ^ f { x ) d x  = ^ x f ( x ) d x  = 1, and it usually depends only weakly on 
coverage, in the low- 9 regime. Most commonly, the shape of fix) versus x = s/< s > is 
monomodal with a well-defined peak around x = 1. This monomodal form occurs for both 
homogeneous nucleation [11-13] (expected to dominate in the Ga on Si(100) system), and for 
heterogeneous nucleation [14,15], For homogeneous nucleation, the width of the peak in this 
monomodal distribution decreases (so the population of small islands becomes negligible) 
with increasing the critical size, i, above which islands are stable [11,16], 
Fig.3 shows experimental STM data for /(x) = N s  < s > 2 / 9  as a function of x 
= s/< s > for six coverages of Ga on Si(100). The scaling behavior is consistent with (1). 
Data for each coverage are obtained by measuring the length of rows in 4-12 images 
corresponding to a total area of (lOOnm)2 to (400nm)2. It was assumed that the number of 
atoms in each row was even, corresponding to complete dimers. Detailed analysis of high 
resolution images in fact shows that rows are equally likely to be terminated by a metal dimer 
or monomer, so the effects of this assumption should average out [6], Fig. 4 shows the 
average row size (or length) from the experimental data which increases rather slowly with 
coverage between 0.05 ML and 0.15 ML, indicating persistent nucleation of new islands in 
this regime. As an aside, while there are defects on the surface, their density is always less 
than 0.01 ML, and is typically around 0.003 ML. Moreover, images of the same area of the 
surface before and after deposition explicitly demonstrate that nucleation occurs primarily 
away from defects on the surface. 
What is striking about the Ga/Si(100) data is the similar monotonically decreasing 
island size distribution for all coverages, as shown in Fig. 3. In studies not reported here, we 
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find the same behavior for In and Sn on Si(100). One caveat with this description of the data 
is that we do not exclude the possibility of a "weak" peak for small x. As is typical for 
deposition studies, it is difficult to obtain sufficient data to reduce statistical uncertainty to 
the point of being able to precisely determine such fine features of the size distribution. 
Irrespective of whether such a weak peak occurs, observed behavior is in marked contrast to 
that typically observed for homogeneous nucleation, which is operative for Group III metals 
on Si(100), where / is typically monomodal with clear peak around x = 1 [11]. Finally, it 
should be noted that monotonically decreasing size distributions are produced for deposition 
models including: (i) exchange-mediated nucleation; (ii) incomplete condensation, and (iii) 
post-deposition nucleation. However, none of these scenarios applies for Group III metals on 
Si(100). Nonetheless, in Sec. VI and in the Appendix, we will identify certain common 
features of these models and the Ga/Si(100) system which underlie the appearance of such 
size distributions. 
III. ATOMISTIC LATTICE-GAS MODEL 
In order to gain insight into the origin of this unusual size distribution for Ga/Si(100), 
we turn to detailed atomistic modeling. Below, we describe the surface by a square-lattice of 
adsorption sites in which metal dimer rows run from left to right. Thus, sites above or below 
them are energetically unfavorable (as described above) and are treated as being blocked to 
diffusing adatoms in our modeling (cf. X'ed squares in Fig. 1). We assume an Arrhenius form 
for the rates of adatom hopping, h = vexp[Eact/(kB T)\, for Si surface temperature T = 300 
K. The attempt frequencies are chosen as v = 1013 A, and the activation barriers, E act, are 
specified below. Our model includes the following steps (cf. Fig. 1): 
(i) Metal atoms are deposited randomly at adsorption sites at rate F = 10 ~3 ML/s 
matching experiment. If the selected site is available, the atom is placed there. If it is 
occupied by another metal atom, or is blocked (as described above), then the deposited atom 
is moved to a nearby available site in a way designed to mimic the actual deposition and 
subsequent diffusional dynamics. Various scenarios are described below. 
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(ii) If the atom lands on a metal monomer, or on the end of a metal row, it checks the 
sites to the left or right for availability. (Such sites could be blocked by a neighboring metal 
row.) If available, it is placed there. If not, see (iv) below. 
(iii) If the atom lands at a site which is in the mid-region of a metal row, since sites 
directly above and below are blocked, it checks sites two lattice constants either above or 
below for availability. If available, it is placed there, and if not see below. 
(iv) If the site checked in (ii) or (iii) is unavailable, its neighbors are also checked for 
availability. Again the atom is placed there if available, but if not a more extensive search for 
an available site is needed. In fact, at least at higher submonolayer coverages, an atom can be 
deposited far from an available site. Then, it needs to diffuse along ID rows of blocked sites 
parallel to the metal atom rows in order to find a site. We implement this process searching 
for the nearest available sites in either direction along the row of blocked sites, and then 
using analytic results for ID diffusion between traps to suitably select one of these [17]. 
(v) Isolated metal adatoms undergo anisotropic diffusion across the surface, hopping 
to adjacent sites provided these are available (i.e., not occupied or blocked). Rates are 
different for hopping parallel and orthogonal to metal rows. See below. 
(vi) Pairs of diffusing adatoms irreversibly nucleate new islands when they meet on 
adjacent sites in the same row. Diffusing adatoms are irreversibly captured when they reach 
sites at the end of metal rows, thus leading to island growth by irreversible aggregation. 
Irreversible nucleation and growth, usually referred to as critical size i=l, also occurs when a 
deposited atom lands in a site to the left or right of another isolated metal adatom or at the 
end of a metal row, respectively (site B or grey squares in Fig. 1). 
Our kinetic Monte Carlo simulations for this atomistic model are implemented using 
an efficient Bortz-type algorithm [1] tracking all of the diffusing adatoms. 
We now discuss in more detail the characterization of anisotropic terrace diffusion of 
Group III metals on Si(100). Electronic structure analyses of this issue include earlier plane-
wave density functional theory (DFT) calculations using a Car-Parrinello optimization 
technique [10]. More recently, we have performed ab-initio calculations using a multi-
configuration self-consistent field (MCSCF) molecular orbital/molecular mechanics 
(MO/MM) embedded cluster method [18], augmented by second-order perturbation theory. 
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For the latter, a cluster of Si surface atoms in the neighborhood of the diffusing atom 
is treated by high-level ab-initio methods, and embedded in a much larger cluster of 
surrounding Si substrate atoms which are treated by a classical molecular mechanics model 
potential. Indeed, we do find some metal adsorbate structures with a significant multi-
configurational or diradical character which cannot be adequately handled by DFT. However, 
both DFT and ab-initio studies indicate that the fast diffusion direction for a Group III metal 
(Al) on Si(100) is orthogonal to the Si-dimer rows, i.e., parallel to the metal rows. Since it is 
expected that the planned calculations on Ga will provide qualitatively similar predictions to 
those found for Al, the key finding here guides our parameter choices in the modeling below. 
IV. COMPARISON OF MODEL PREDICTIONS WITH EXPERIMENT 
A primary constraint on our modeling is to match the mean island size, < s > (at 
around 0.1 ML, say), noting that this is equivalent to matching the mean island density, 
Nisl=91 < s >. In fact, we find that < s > at 0.10-0.12 ML can be matched for various 
choices of activation barriers Eact = Ef for fast hopping in a direction parallel to the metal 
rows, and = Es for slow hopping in the perpendicular direction. These choices range 
from isotropic, with Ef = Es = 0.65 eV, to strongly anisotropic, as shown in the inset to Fig. 
4. In Fig. 4, we further show that all of these choices reasonably match the experimental < s 
> versus 6. However, it could be argued that the strongly anisotropic choice with E f = 0.40 
eV and Es =0.81 eV is marginally better (with respect to both absolute values of < s > and 
the slow increase with 9 ). Simulation results showing a typical distribution of metal rows for 
our model with this anisotropic choice of diffusion parameters are presented in Fig. 5. 
More compelling evidence that the strongly anisotropic choice is optimum comes 
from analysis of the island size distribution. In Fig. 6, we show that the size distribution 
evolves from a monomodal form for isotropic diffusion (contrasting experiment) to a 
monotonically decreasing form for strongly anisotropic diffusion with E f = 0.40 eV and 
Es= 0.81 eV (consistent with experiment). Finally, for this optimal parameter choice, in 
Fig.7, we present comprehensive results for the coverage-dependence of the predicted island 
size distribution which agrees well with experiment. It should be noted that a rather weak 
peak in the distribution develops for higher coverages, but that this peak corresponds to small 
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sizes, x-1/4, in contrast to the behavior for conventional nucleation models where the peak 
is atx= 1. 
To close this section, we comment briefly on three additional observations from our 
simulation studies. First, one might regard the large finite barrier Es to be effectively infinite. 
However, one unexpected result of our analysis is that setting Es =°° (for fixed Ef ) does 
significantly increase Nisl. Second, another unconventional trend observed in our simulations 
is that decreasing E f from 0.5 eV to 0.4 eV (for fixed E s ) does not significantly decrease the 
island density, as would be expected from conventional nucleation theories [1,11,19]. Both 
these features are discussed in the following Section. Third, it is natural to consider whether 
the observed features of the island size distribution vary significantly with deposition flux, F. 
In experiment, it is difficult to vary F by many orders of magnitude. Ideally, one would like 
to significantly decrease F from its already low value of 10 ~3 to explore the regime of larger 
< s >. It is straightforward to explore this regime with our simulation model. We find that for 
F = 10 ~4, the size distribution develops a peak, which is still weak but more discernible than 
for F = ÎO 3. However, again this peak occurs for small sizes with x below Vi., in contrast to 
the usual behavior for homogeneous nucleation. 
V. DEPENDENCE OF NUCLEATION BEHAVIOR ON VARIOUS 
ASPECTS OF THE ATOMISTIC MODEL 
Island nucleation behavior and the form of the size distribution in the Ga/Si(100) 
system, and in our modeling described above, are quite distinct from that in more 
conventional models [1,11,19], To elucidate these unconventional features, it is instructive to 
compare behavior for a variety of refinements to the above physical model (PM), all of which 
retain the same diffusion parameters. The models which we compare here differ from our PM 
above in the following ways: 
(a) enhanced transport (ET): "blocked" sites no longer restrict diffusion of isolated 
adatoms, but do still preclude nucleation and aggregation; 
(b) enhanced nucleation (EN): sites above and below islands again block diffusion 
and aggregation, but now sites above and below an isolated atom become accessible 
nucleation sites for another diffusing atom (rather than just sites to the left or right as in the 
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PM). In the event of such nucleation, the metal atom pair is reoriented along the designated 
direction for metal rows. 
(c) enhanced aggregation (EA): again sites above and below islands and atoms are 
blocked as in the PM, but now we add two additional next-nearest-neighbor aggregation sites 
at each end of metal row. These are directly above and below the aggregation sites for the 
PM. 
We also consider behavior for a more conventional "point island" model (PI) with the 
same diffusion parameters as in the above models. In a PI model, [11] each metal island (and 
adatom) occupies a single site, but carries a label to indicate its size. Nucleation or 
aggregation occurs when diffusing atoms reach any of the four neighbors, after which the 
size label for the point island is appropriately updated. 
First, one might expect that enhanced transport (ET) leads to enhanced nucleation and 
higher island densities, as it becomes easier for diffusing atoms to find each other. Indeed, 
ET does increase Nisl by a factor of three at ~ 0.05 ML compared to the PM. Second, 
e n h a n c e d  n u c l e a t i o n  ( E N )  c o u l d  p o t e n t i a l l y  a l s o  l e a d  t o  a  s i g n i f i c a n t  i n c r e a s e  o f  N j s l .  
However, we find that EN produces only a ~ 25% increase in Njs[ relative to the PM. In 
addition, the monotonically decreasing island size distribution of the PM is preserved for EN. 
Third, enhanced aggregation would likely reduce the density of diffusing adatoms and thus 
reduce island nucleation. In fact, EA has a much more dramatic effect than ET or EN, greatly 
reducing Nisl to ~ 20% of its value in the PM at ~ 0.05 ML. The behavior of Nlsl versus 9 
changes very little if one adds nucleation sites to this EA model. Furthermore, behavior for 
EA is almost identical to that for the point island model (PI) with the same diffusion 
parameters. For both EA and PI, a conventional monomodal island size distribution is 
observed. All of these results for N isl are presented in Table I. Thus, in conclusion, from 
these carefully selected tailored studies, it is clear that a primary cause of unconventional 
behavior in the Ga/Si(100) system and in our physical model (PM) is the highly restricted 
nature of aggregation compared to a more conventional nucleation model. 
Except for the very initial stage of deposition, a quasi-steady-state [1,11,19] is 
typically operative, where there is a rough balance between gain of isolated adatoms due to 
deposition and loss due to aggregation or nucleation. Thus, greatly restricting aggregation 
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should significantly boost the density of isolated adatoms. This feature can be checked easily 
and directly with simulation (but not with experiment). We simply monitor the density of 
isolated adatoms, n - Nl, during deposition in the PM, and compare its value with that of a 
conventional or point island (PI) model with the same diffusion parameters. Indeed, we find 
that n is greatly enhanced in the PM relative to the PI (up to ~ 5 x 10~4/site in PM compared 
with ~ 10 5 /site in PI, for coverages between 0.01 and 0.1 ML). See Table I. This enhanced 
adatom density produces the unusually persistent nucleation observed in experiment (and in 
the PM) compared to conventional systems where nucleation is strongly quenched once 
islands have achieved a significant size [1,11,19]. The enhanced adatom density and 
restricted aggregation must also underlie the deviation of expected variation of the island 
density with the barrier for fast diffusion. 
Finally, we briefly comment on effect of large finite Es versus infinite Es. Normally, 
values for activation barriers as high as Es ~ 0.8 eV at 300 K would make the associated 
hopping process insignificant. However, in the Ga/Si(100) system, because the isolated 
adatom density is high and because even a small amount of diffusion in the slow direction 
provides a pathway to otherwise inaccessible aggregation sites in adjacent rows, this effect is 
significant. 
VI. DISCUSSION AND COMPARISON WITH OTHER MODELS 
First, we should also mention that there exist several previous studies of systems 
which form ID islands at lower T. One example involves deposition of metal atoms on 
anisotropic fcc(110) surfaces [20,21], Here, strong bonding occurs only at the end of the 
metal rows which are the dominant aggregation sites for lower T. However, weak bonding 
occurs on the sides, so aggregation is not inhibited as for Ga/Si(100). Another example of ID 
island formation is provided by Si(100) homoepitaxy at low T [22]. However, the size 
distribution for these systems exhibits a conventional monomodal form rather than a 
monotonie ally decreasing form [11,23,24], 
Next, it is appropriate to note that a few previous studies have examined models or 
systems which incorporate one feature reminiscent of Ga/Si(100) and of our physical model. 
Specifically, Kandel [25] considered models for island formation during deposition where 
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there is an additional barrier for hopping processes leading to island nucleation and 
aggregation (relative to the barrier for terrace diffusion). In these cases, the effect of 
restricted nucleation is more than compensated for by restricted aggregation which leads to a 
greatly enhanced isolated adatom density, which in turn leads to enhanced nucleation and 
island densities. One realization of this type of behavior was recently discovered in 
metal(lll) homoepitaxy at lower T where substrate-mediated adatom-adatom interactions 
include a repulsive ring inhibiting the approach of adatoms to other adatoms or islands [26]. 
In these systems, N isl is much higher than would be predicted by conventional nucleation 
theories [27]. The same can be said for the Ga/Si(100) system, as noted above. However, in 
the metal(lll) systems, the island size distribution at low T does not have a monotonically 
decreasing form [28]. 
Finally, it should be noted that monotonically decreasing island size distributions 
have been observed in models for: (i) nucleation mediated by irreversible exchange of single 
adatoms with the substrate (a process sometimes described as having a critical size i - 0) 
[29,30]; (ii) nucleation under conditions of strongly incomplete condensation (i.e., deposition 
when desorption is active) [31,32], and which is described by Avrami-type adsorption 
kinetics [32]; and (iii) post-deposition nucleation for critical size i - 1 [33]. There has 
however been no previous comprehensive analysis of these models, or comparison with more 
traditional models, to determine whether there is some generic feature producing 
monotonically decreasing size distributions (or, more generally, producing a higher 
population of smaller islands). In the Appendix, we have performed such an analysis using 
rate equations to assess the relative magnitudes of the nucleation and aggregation rates in 
these various models. The conclusion is that unusually enhanced nucleation relative to 
aggregation is seen to produce monomodal size distributions in all the above models. For our 
model of Ga deposition on Si(100), the same principle seems to apply in that greatly 
restricted aggregation leads to relatively predominant and persistent nucleation. 
VII. SUMMARY 
In conclusion, the unusual organization into single-atom wide atomic rows of Group 
III metals deposited onto Si(100) is now well-recognized based on several previous STM 
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studies. However, detailed analysis of these adlayers was lacking in previous studies. Such an 
analysis was performed here to reveal an unexpected monotonically decreasing form for the 
island size distribution. This observation was combined with atomistic modeling to provide 
detailed insight into which aspects of the underlying atomistic processes favor the 
development of such a distribution. A key factor is inhibited aggregation, resulting from the 
feature that sites at the sides of metal adatom rows are energetically unfavorable for the 
diffusing metal adatoms, so these adatoms can attach only at the ends of rows. This leads to 
unusually enhanced nucleation relative to aggregation, a characteristic shown to exist in other 
models exhibiting monotonically decreasing size distributions. 
APPENDIX: CORRELATION BETWEEN NUCLEATION BEHAVIOR 
AND ISLAND DISTRIBUTION SHAPE 
The form of the island size distribution in deposition systems should be sensitive to 
nucleation behavior. In particular, a tendency towards monotonically decreasing (rather than 
monomodal) size distributions should be favored by increased magnitude of the nucleation 
rate relative to the aggregation rate, and by increased persistence of nucleation. This is 
because enhanced nucleation will produce more new small islands, thus boosting the relative 
population of small islands. The behavior of the nucleation rate has received relatively little 
attention, so here we provide a comparison for various models. 
Below, we consider four classes models for island formation during deposition. All 
models include random deposition at rate F (with deposition initiated on an empty surface at 
time t=0), and surface diffusion of isolated adsorbed atoms (adatoms) with hop rate h. Island 
(diffusing adatom) densities are denoted by N isl (n). For all cases, the rate of aggregation of 
diffusing atoms with islands is given by Kagg = oav h n NjSi, where oav is the mean "capture 
number" for the islands. In the following discussion of the population of small islands for 
these models, "small" should be interpreted as relative to the average island size. We now 
provide an explicit decription of the four models, and in particular of the island nucleation 
rate. 
(i) Complete condensation (no desorption) and homogeneous nucleation with critical 
size i>l [19]. The nucleation rate satisfies Knuc = G; h n Ni, where N; = Ci exp[(-E, /kB T)] n1 is 
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the density of critical clusters of i atoms, E; is the associated binding energy, and a, is the 
associated capture number. Here, the island size distribution has a sharp monomodal form 
with negligible population of small islands [11,16]. 
(ii) Complete condensation in the special case of irreversible aggregation (i=l) 
[11,12]. The nucleation rate is given by Knuc = Gi h n2. Here, the island size distribution has a 
monomodal form with significant population of small islands [11,12], 
(iii) Incomplete condensation where desorption of adatoms now occurs with a 
"significant" rate d>0 [31,32], The above expressions in (i) and (ii) for Knuc still apply for 
homogeneous nucleation. We just consider the case i=l where there are the two key 
characteristic lengths: the diffusion length over the lifetime of an adatom before desorption, 
Ldes = (h/d)1/2, and the typical island separation in the absence of desorption, Lls](d=0) = 
(h/F)1/6. Significant desorption means that Ldes«LiSi(d=0). Here, the island size distribution 
has a monotonically decreasing form with a dominant population of small islands [32], 
(iv) Heterogeneous nucleation by exchange of deposited adatoms with substrate 
atoms (so-called i=0) [29,30]. Here, a single exchanged atoms form a stable nucleus for 
island growth. The nucleation rate satisfies Knuc = hcx n = h CTq n, where hex = h Go is the 
exchange rate. Previous studies have considered the regime of rapid exchange which we 
define precisely as Go = (h/F)"a, where 0<a<l/2. In this regime, the island size distribution 
has a monotonically decreasing form with many small islands [29,30], 
Analysis of the rate equations for these models reveals an initial "transient" regime 
for t<t*, where the adatom density, n=Ft, increases from its initial zero value due to 
deposition, followed by a steady-state regime where the gain in adatom density due to 
deposition is roughly balanced by the loss due to either nucleation or aggregation. Table II 
summarizes the behavior of n and Njsi for the above models in the transient (tr) and steady-
state (ss) regimes, as well as the behavior of Knuc and Kagg at crossover (*) when t=t*. Note 
that for i=0, the steady-state regime has two sub-regimes, the first for (Go)"1 (h/F)"1 < Ft < Go 
where Knuc dominates Kagg, and the second for Go <Ft where the opposite applies. Below 0 
denotes the total surface coverage which equals Ft in all models without desorption. For d>0, 
one has 0~Ft only in the transient regime. 
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Examination of Table II reveals that monomodal island size distributions with 
negligible population of small islands for i>l correspond to Knuc*«Kagg*; monomodal 
distributions with significant population of small islands for i=l correspond to Kmc*~Kagg*; 
and monotonically decreasing distributions with a dominant population of small islands for 
i=0 and d>0 [34] correspond to Knuc*»Kagg*. More detailed analysis of the above models 
also reveals that nucleation is more persistent (i.e., Knuc decreases more slowly in the steady-
state regime) for i=0 and d>0 than in the other cases. 
We should also comment on post-deposition island formation models where a random 
initial distribution of adatoms with coverage 0 hops and aggregates into islands with 
nucleation determined by a prescribed critical size [33]. The mean island density scales like 
Nisi ~ 01+z, as 0—>0, where z=0 for i=l, z=0.24 for i=2, z=0.65 for i=3. Larger z means fewer 
islands, and thus less nucleation relative to aggregation. Correspondingly, the island size 
distribution changes from monotonically decreasing for i=l (where z=0 means maximal 
nucleation), to monomodal for i>l where the population of small islands diminishes for 
increasing i. 
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TABLE I: Comparison of the values of the island density, Nisl, and the isolated adatom 
density, n = Nl, at a Ga coverage of 0.04 ML for various models described in the text: PM = 
physical model; ET = enhanced transport; EN = enhanced nucleation; EA = enhanced 
aggregation; PI = point island model. Anisotropic diffusion parameters were chosen in all 
models as (Ef , Es) = (0.40 eV, 0.81 eV). 
PM ET EN EA PI 
N„ 0.44 1.23 0.60 0.092 0.105 
S
 
o
 
X 
N, 4.8 17.2 3.7 0.15 0.10 2 
o
 
X 
TABLE II. Comparison of behavior in various deposition models: i>l denotes models with no desorption and homogeneous 
nucleation with critical size i; i=0 denotes a model with exchange-mediated nucleation in the regime of rapid exchange (see 
text); d>0 denotes a model with desorption and homogeneous nucleation with i=l in the regime of rapid desorption .Also "tr" 
denotes transient regime, and "ss" the steady-state regime, with * denoting the crossover point. Knuc (Kagg) denotes the 
nucleation (aggregation) rates. For simplicity, we neglect factors involving E;, or the capture numbers oi or am. 
Approximate forms are given for the steady-state coverage dependence, except for d>0 where it is ignored. 
n(tr) NiSi(tr) Ft* K,uc*/F Kagg*/F n(ss) Nisl(ss) 
i>l 0 0i+2 (h/F) (h/F)"2/(1+3) (h/F)"(1"1)/(1+3)«l 1 (h/F)'1!^,"1 01/(i+2)(h/F)"i/<'i+2) 
i=l 0 03 (h/F) (h/F)"1/2 1 1 (lVF)"'Nisfl 01/3(h/F)1/3 
i=0 0 o0 
02(h/F) 
(oo)"1 (h/F)"1 1 (Co)^ )^ «l (g0)_1 (h/F) 0 
i=0 
cont. 
Go 1 1 (h/FyXf1 W^G1'2 
d>0 0 03 (h/F) (d^)' (h/F)(d/F)"2<l (h/F)2(d/F)"4«l (d^)1 (h/F)i/J(d/F)~l 
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Fig.l. (a) The atomic structure of rows of Ga (dark circles) on Si(100) which run orthogonal 
to the rows of Si dimers (grey circles). Ga rows with the minimum separation are indicated 
by A. Blocked sites are indicated by C. Aggregation sites are indicated by grey squares and 
B. (b) Lattice-gas model reproducing the section of the surface shown in (a). Ga atoms frozen 
in rows are dark cubes. Diffusing Ga adatoms are grey cubes. Grey squares and B indicate 
aggregation sites. X'ed squares and C indicate blocked sites. 
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Fig.2. Filled state STM image (32.5 nm x 32.5 nm) of Ga rows on Si(100) at 0.09 ML. Ga 
rows run from upper left to lower right, orthogonal to Si dimer rows. 
30 
12 
oa 
0.6 
N„<S>:/6 
0.4 
0_ 
0 
U.066 ML 
0.080 ML 
0.095 ML 
---% -0.099 ML 
* 0.130 ML 
-*-0.131 ML 
-XvV. 
i s/< <5> 3 4 
Fig.3. Experimental results for the scaled island size distribution, f= Ns < s >21 6 ,  versus 
% = s/< s > for Ga on Si(100) at different metal coverages (given in the legend). 
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Fig.4. Average island size, i.e., row length (measured in atoms) versus coverage. The thick 
black line indicates the experimental data. Open symbols connected by thin lines show the 
simulation results for various degrees of anisotropy in terrace diffusion (indicated in the 
legend). These values of diffusion parameters, (Es, E f ), which chosen to match < s > at 
around 0.10-0.12 ML, are also displayed in the inset. 
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Fig.5. Simulated configuration of Ga rows on Si(100) in a 70 nm x 70 nm region using the 
optimum parameters for our physical model (PM) described in the text. 
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CHAPTER 3: ATOMISTIC MODELING OF MORPHOLOGICAL 
EVOLUTION DURING SIMULTANEOUS ETCHING AND 
OXIDATION OF Si(100) 
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ABSTRACT 
Prolonged exposure of Si(100) surfaces to oxygen produces: etching at high 
temperatures (T) characterized by the formation of monolayer-deep elliptical etch pits in 
successive layers (active oxidation); simultaneous etching and formation of oxide-capped Si-
nanoprotrusions at moderate T (transition regime); and rapid coverage of the substrate by an 
oxide layer at low T (passive oxidation). We develop an atomistic model with the goal of 
describing evolution of the complex far-from-equilibrium surface morphology for a range of 
temperatures above and into the transition regime under conditions where etching dominates 
oxidation. Model development is guided by experimental observations, by general concepts 
from nucleation theory for the formation of etch pits and oxide islands, and by input from ab-
initio quantum chemistry calculations for key aspects of the oxygen adsorption and SiO 
desorption energetics. 
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1. INTRODUCTION 
Longstanding interest in the initial stages of oxidation of Si(100) has been driven by 
the importance of understanding and controlling the formation of the silicon-oxide interface 
for metal-oxide-semiconductor device applications [1,2]. More recent efforts to develop 
atomistic models which can predict nanoscale interface morphology are motivated by the 
goal of reducing the thickness of the oxide layer in these devices to the nanometer range. 
The complexity of surface oxidation and of associated etching processes derives from 
the interplay between several key reaction steps and numerous dynamical processes at the 
Si(100) surface [3], These include: adsorption of oxygen; diffusion and aggregation of 
adsorbed oxygen into oxide islands; reactive desorption of SiO to create monovacancies in 
the Si surface; transformation from monovacancies to divacancies followed by diffusion and 
aggregation of these vacancies. For high surface temperature (T), the lifetime of adsorbed 
oxygen is sufficiently short that oxygen buildup is negligible; quasi-layer-by-layer etching of 
the surface occurs as the vacancies created by SiO desorption aggregate into monolayer-deep 
elliptical etch pits (active oxidation). At low T, buildup of adsorbed oxygen follows simple 
Langmuir kinetics and results in the formation of an oxide layer or film (passive oxidation). 
The adsorption kinetics and evolution of surface morphologies in the transition regime, 
where both etching and the formation of oxide islands occur simultaneously, are of course 
more complex. However, potentially, analysis of this transition regime can provide the most 
insight into the underlying dynamics. 
Next, we selectively review a few previous studies of particular relevance to our 
modeling. Pioneering experimental analyses by Engel and coworkers [3-5] examined etching 
and oxidation kinetics for exposure to both atomic and molecular oxygen, and determined 
that the key desorption barrier was identical in both cases. Using a mean-field rate equation 
analysis to compare etching kinetics for modulated-beam versus thermal desorption studies, 
they suggested a "dual-species" model with two distinct types of adsorbed oxygen moieties. 
Etching was proposed to occur via an intermediate silanone-type species (Op), which could 
only convert slowly to lower energy strongly-bound adsorbed species (Oa) responsible for 
oxide formation. An alternative model with a "single-species" of the Oa-type was also 
considered which included SiO desorption involving both isolated Oa atoms and oxide 
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islands, where the latter is a slower process. More recently, high-T etch pit formation was 
examined by Hannon et al. [6,7] at 1050K-1250K using low-energy electron microscopy 
(LEEM), and by Wurm et al. [8] at 775K-1075K using scanning tunneling microscopy 
(STM) and LEEM. Suemitsu et al. [9,10] used UV photoelectron spectroscopy to examine 
oxygen uptake kinetics across the entire transition regime, and performed a mean-field rate 
equation analysis favoring the dual-species model. 
Finally, of particular note are the extensive studies of Pelz and coworkers [11-13] 
who used STM to examine film morphologies quantifying oxide island densities at 
temperatures in the transition regime where both etching and oxidation occur. Again, their 
analysis favored a dual-species model as a way to recover the observed constant etch rate 
(suggesting a constant Op coverage) and saturation of the oxide cluster density (suggesting a 
strong diminution of the Oa coverage) [13]. We would suggest that given the complexity of 
the overall process and the untested reliability of simple mean-field analyses in such 
situations, there is still considerable uncertainty as to the details of the atomistic processes 
controlling behavior. 
There are many theoretical electronic structure studies exploring key aspects of the 
energetics of the adsorption, oxidation, and etching processes. Most either involve small 
clusters representing the Si surface which are treated with quantum chemistry methods, or 
slab calculations utilizing the local density approximation. Here, we just make two general 
observations. First, several studies have identified three strongly-bound (Oa) states for 
adsorbed atomic oxygen with similar energies: "on-dimer", "dimer bridge", and "back-bond" 
states [14-18]. Second, our own modeling exploits results from a Surface Integrated approach 
utilizing high-level ab-initio Molecular Orbital quantum chemistry to treat a region of the 
Si(100) surface around the adsorption or reaction site, coupled to a low level Molecular 
Mechanics treatment of the surrounding Si (SIMOMM) [18]. 
The goal of this study is to develop an atomistic model which can describe the 
evolution of the far-from-equilibrium surface morphology for a range of temperatures (T) 
from the regime of nearly-pure etching at higher T into the transition regime where oxidation 
is active (although we focus on conditions where etching dominates oxidation). This goal 
necessitates the development of a multilayer model for surface evolution, which although 
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somewhat idealized, has the potential to describe the complex three-dimensional 
morphologies resulting from the competition between etching of the Si substrate, and the 
formation of etch-resistant oxide islands and oxide covered Si-nanoprotrusions. In Sec.2, we 
review in more detail the adsorption, reaction, diffusion processes at the Si(100) surface 
which are important during etching and oxidation. Next, in Sec.3, we enumerate the key 
ingredients in our atomistic model which incorporates layer-by-layer etching of the Si 
substrate. The basic results of simulations using this model are described in Sec.4, focusing 
on surface morphology as quantified by the density of oxide islands or oxide capped Si-
nanoprotrusions, and on the oxygen uptake kinetics. Some discussion of observed behavior is 
provided in Sec.5, and our conclusions are presented in Sec.6. 
2. KEY ATOMISTIC DETAILS OF ETCHING AND OXIDATION 
We now provide a more detailed description of the key atomistic processes 
underlying oxidation and etching of Si(100). These processes are summarized in the 
schematic Fig.l. 
2.1. Oxygen Adsorption Dynamics 
A few studies have exposed the Si(100) surface to atomic oxygen, O, which has a 
normalized sticking probability S~1 [5], however most use molecular oxygen 0% for which 
S~10"2 [3,6,8,9,11] After dissociative adsorption of 0%, the constituent O-atoms likely 
separate significantly via diffusion before etching. (Ab-initio studies have explored the 
pathway where molecular adsorption leads to one O in the back-bond and another at the on-
top site, but they may not consider the competing pathway for diffusive separation [19,20].) 
Diffusive separation implies a hopping rate for separation greater than that for SiO 
desorption, and that the initial neighboring pair of O's cannot readily initiate oxide 
formation. Evidence for separation of O atoms is the common SiO desorption barrier 
observed in etching studies with O and 02 [3,4]. Independent evidence comes from STM 
studies of vacancy formation (see below). Thus, one can conclude that, after accounting for 
any difference in adsorption rates, exposure to O or to 02 should produce qualitatively 
similar behavior in etching or oxidation. 
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Another key issue is the possible existence of a precursor Op state mediating etching 
[3-5], distinct from strongly-bound Oa adsorbed states mediating oxidation. If conversion 
from the precursor Op state to Oa states occurs at a slower rate than SiO desorption from the 
Op state, then population of these two states is partly decoupled. Consequently, the etch rate 
would decouple from the rate for oxide island formation, consistent with experiments [13]. 
SIMOMM calculations [17] show that adsorption of O can occur through an on-top (OT) 
state bound to a single Si, but there is only a negligible barrier of 0.18 eV to convert to a 
strongly-bound backbond (BB) state. In contrast, barrier for SiO desorption from the OT 
state is 2.38 eV. Schematically, we write 
Ogas(2.44eV)->OT(-2.38eV)<->TSl(-2.20eV)<->BB(-3.89eV), 
where energies are measured relative to the SiOgas product state, and TS denotes transition 
state. Thus, our modeling will not include a precursor state, i.e., we use a single-species 
model. 
2.2. Strongly-Bound OaSpecies and SiO Desorption 
SIMOMM results for transformation between strongly-bound backbond (BB), on-
dimer (OD), dimer-bridge (DB) Oa states, together with predicted SiO desorption directly 
from the BB state, are summarized schematically as 
SiOga,(0)wBB(-3.89)<->TSl(-2.20)<->OT(-2.38)<->TS2(-0.89)<->OD(-3.74)<->TS3(-3.25) 
<->DB(-4.06) 
with state energies in eV. The SiO desorption barrier from the BB state of 3.89 eV (cf. 3.8 eV 
from a recent GGA study [21]) is just the energy difference between initial and final states 
[17]. Barriers for conversion between strongly-bound O states are lower, so these states 
should have equilibrated relative populations. Then, the effective barrier for SiO desorption, 
Edes, corresponds to the energy difference between the desorbed SiO state and lowest energy 
DB state (which is 0.17 eV below the BB state), i.e., Edes=3.89+0.17 eV=4.06 eV. 
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The above analyses treat SiO desorption from an initially perfect Si(100) surface. 
However, it is plausible that desorption often occurs in the vicinity of a surface vacancy or 
defect. Preliminary analysis suggests that associated desorption barriers are significantly 
below 4 eV [17,22], It is natural to consider developing models which to incorporate this 
effect. 
2.3. O-Diffusion and Oxide Island Formation 
Conversion between DB, OD, and BB states produces only local diffusion of O 
around a single surface Si-dimer. Long-range diffusion of O, which requires hopping 
between surface dimers, is not well characterized. It is plausible that such diffusion occurs 
between on-dimer states via on-top states. In modeling by Pelyz and coworkers, a barrier of 
-2.4 eV was chosen for long-range diffusion, although sometimes assuming that SiO is the 
diffusing species[12,13]. In a study by another group, the barrier for BB-to-BB migration of 
O was estimated at 2-2.5eV [23]. 
There are several studies focusing on the atomistic details of oxide formation starting 
from hydroxyl covered Si(100) (after exposure to H20) with subsequent hydroxyl 
decomposition [23-25]. There is also an important study of oxidation on clean Si(100) at low 
T (with and without pre-dosing of O) with relatively high coverages of immobile adsorbed O 
[26]. A silanone species attached to a Si with a BB O is observed here (with both O's 
presumed to come from the same 02), which is regarded as a precursor to O insertion into a 
Si backbond. However, for the high T regime of interest in our study (with no hydroxyl s, a 
low coverage of mobile O), the details of O-diffusion-mediated oxide nucleation are likely 
different. 
We adopt the view that the key to obtaining oxide island densities is specification of 
the nucleation rate, which in turn is primarily determined by a critical size, io, such that at 
least io+1 adsorbed O's are required to form a stable nucleus for an oxide island. General 
simulation studies of nucleation indicate that the detailed atomic arrangement of the stable 
cluster is not so important, since once the cluster of i0+l diffusing O's is formed, the random 
walk nature of diffusion ensures that various local configurations will be effectively sampled. 
Previous modeling has typically assumed that clusters of two O atoms are not stable (i.e., 
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io>l) and that break up occurs either by SiO desorption or by hopping apart of O atoms 
[12,13]. An additional barrier for nucleation (relative to the O-diffusion barrier) may exist 
[12], perhaps reflecting a need for local restructuring to achieve the oxide structure. As for 
some metals [27,28], strain effects in clusters of adsorbed O could also be important in 
facilitating oxidation. Finally, we note that growth of stable oxide islands continues by 
aggregation of diffusing O or by deposition at perimeter sites. 
2.4. Single- and Di-Vacancy Formation and Diffusion 
Single or mono-vacancies (SV's) at the surface created by SiO desorption have a 
short lifetime, quickly converting to surface divacancies (DV's) by "ejecting" a Si atom up 
onto the Si(100) surface. STM studies of O2 adsorption on Si(100) in fact revealed these 
ejected Si atoms, and their formation into anisotropic Si adatom islands at lower T [29]. 
Theoretical studies using a Stillinger-Weber potential support the rapid conversion of SV's to 
DV's, where the barrier to eject a Si is only 0.43 eV [30]. The observation of ejected Si 
atoms also supports the view that O atoms formed by O2 adsorption separate due to diffusion, 
rather than immediately creating a DV or forming a stable oxide island. 
There are detailed experimental and theoretical studies of DV diffusion [31-33], 
Diffusion is anisotropic, preferentially along dimer rows for which there is a experimentally 
determined barrier of 1.7 eV. There is some uncertainty as to the magnitude of the 
anisotropy, and as to the diffusion mechanism (bond-breaking versus concerted exchange). 
2.5. Vacancy Pit Formation 
The diffusion and aggregation of DVs leads to the nucleation and growth of vacancy 
pits. The short-range interactions between DV's are complicated and control the initial 
aggregation of DV's at lower T [34,35]. However, for higher T of relevance here, large 
elliptical vacancy pits should form which are elongated in the dimer-row direction (see 
below). Our modeling of etch pit formation at higher T will be based on conventional 
nucleation theory. This approach introduces a critical size iv, such that greater than iv DV's 
are assumed to form a stable pit. This far-from-equilibrium picture implicitly assumes that 
the density of DV's created by etching far exceeds the equilibrium density of DV's on 
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terraces.. It has been suggested that this type of far-from-equilibrium assumption is 
inappropriate for ad-dimers formed during deposition [36,37], but our analysis suggests that 
it is reasonable for DV's. 
One complication for etching of Si(100) by oxygen is that SiO desorption produces a 
SV which converts to a DV plus an ejected Si adatom. At higher T, at the onset of etching, 
the ejected highly mobile Si atoms [38] should initially diffuse "large" distances to existing 
steps on the surface. Thus, the etch pit nucleation process will be controlled by DV's, as 
implied above. After a significant number of etch pits are formed, nucleation is inhibited and 
the primary process is pit growth: DV's diffuse to their edges causing growth (by two sites), 
and Si adatoms diffuse to their edges causing shrinkage (by one site). This is the steady-state 
regime where creation of DV's due to etching balances loss of DV's due to aggregation with 
etch pits, and values of diffusion rates are not so critical. 
Finally, we return to the issue of etch pit shape. Equilibrated shapes are determined 
by the step energies, which are strongly anisotropic for Si(100): so-called SA (SB) steps 
parallel (perpendicular) to dimer rows have low (high) free energy. Thus, vacancy pits (and 
adatom islands) tend to be elliptical, elongated so as to expose more SA steps [39]. Pits 
formed during etching [6] will not necessarily have equilibrated shapes (as quantified, e.g., 
by their aspect ratio [39]), due to inhibited shape relaxation on the time scale of growth. 
2.6. Interlayer Processes and Coupling 
We make two further observations regarding etching. First, the efficiency of 
interlayer transport (of adspecies or vacancies) will affect the roughness of the exposed Si 
surface. Previous studies of sputtering [40] and homoepitaxy [40-42] at high T reveal quasi-
layer-by-layer evolution implying efficient interlayer transport, i.e., such transport is not 
inhibited by additional Ehrlich-Schwoebel barriers at step edges [41,42]. Second, the 
formation of oxide-capped Si nanoprotrusions [13] reflects the feature that oxide islands act 
as pinning sites underneath which the Si substrate cannot be efficiently etched. Other studies 
reveal enhanced oxide nucleation at step edges [43], so it is conceivable that oxygen reaching 
the edges of the Si nanoprotrusions is readily incorporated into an oxide coating. 
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3. ATOMISTIC LATTICE-GAS MODEL 
Our idealized atomistic lattice-gas model is based on a common square lattice of sites 
in each layer for both the Si and adsorbed O on top of the Si substrate. Thus, we do not 
attempt to incorporate either the detailed dimer row structure of the Si(100) substrate (other 
than specifying the dimer row direction which alternates in consecutive layers), or the 
detailed atomic structure of the thin oxide layer. The justification is that we focus on features 
of the film morphology on a larger length scale which are not greatly influenced by these 
details. We also impose layer-by-layer etching in our model (i.e., only a single substrate layer 
is being etched at any time) motivated by the observations on efficient interlayer transport at 
the end of Sec.2. Within this general framework, the lattice-gas model incorporates the 
following atomistic processes: 
(1) Random adsorption of oxygen at empty Si surface sites (which are not covered by 
adsorbed O or by an oxide overlayer) at a rate consistent with experiment. Adsorption of 
atomic oxygen requires only a single empty site, whereas dissociative adsorption of 
molecular oxygen requires an adjacent empty pair of sites. We incorporate S=1 (S«l) for 
atomic (molecular) adsorption. 
(2a) Isotropic diffusion of isolated adsorbed O with rate h0 for hopping to adjacent 
empty sites, where diffusion includes hopping across steps on the Si surface. 
(2b) Hopping of adsorbed O with just one neighboring O, with rate possibly 
somewhat reduced by a factor of r from that for hopping of isolated O's. This allows breakup 
of clusters incorporating just two adjacent O, a feature which is necessary to avoid the 
unphysical scenario of immediate oxide formation following molecular adsorption. 
(2c) Immobilization into oxide islands of adsorbed O with two or more neighboring 
O, which can be either in the same layer or in different layers. 
(3) Reactive desorption of isolated adsorbed O from the surface as an SiO species at 
rate kdes, creating a surface vacancy, the ultimate location of which is specified below. Si 
underneath the oxide layer is immune from etching, hence the formation of etch-resistant 
oxide-capped Si nanoprotrusions. 
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(4a) Strongly anisotropic (ID) diffusion of isolated vacancies (in the transition 
regime) with hopping to adjacent sites in the dimer row direction at rate hvac. 
(4b) Irreversible aggregation of diffusing vacancies into elliptical vacancy pits (in the 
transition regime) in the single "active" layer currently being etched. Pit structure is specified 
below. 
(4c) When a vacancy is created or diffuses to a site adjacent to a vacancy pit (or 
another vacancy), a growth algorithm is implemented wherein this vacancy is moved to a 
periphery site of the pit to impose and propagate pit growth with a prescribed elliptical shape. 
See Appendix A. This is an idealization of the actual growth shape. The ellipse orientation 
alternates in consecutive layers, as does the dimer row orientation of the reconstructed 
Si(100) substrate. 
(4d) When an etching event occurs on the base of a pit, the vacancy which is created 
is immediately moved to a site at the perimeter of that pit in the next layer up (as determined 
by the growth algorithm described in Appendix A). This treatment imposes layer-by-layer 
etching. 
(4e) When two elliptical islands collide, they continue to grow as overlapping 
ellipses. See Appendix A. Only when all susceptible Si in the active layer have been etched 
(i.e., those not covered by oxide or O atoms), does etching begin in the next lower layer. 
Model parameters. We choose an adsorption rate of F=0.0016 ML/s for our modeling 
corresponding to selected experiments [11-13]. This corresponds to 0.0016 atoms per site/s 
for atomic adsorption, and 0.0008 molecules per site/s for dissociative molecular adsorption. 
This rate builds in the low sticking probability for 0%. (Based on Ref. [9], we use F=2.7xl04 
P02 for molecular adsorption, with an 02 pressure of PO2=6xl0"8 Torr.) For diffusive hopping 
of adsorbed O at rate ho=Voexp[-Eo/kT], we choose a prefactor of Vo=1016/s, and treat the 
diffusion barrier EQ as a free parameter. We select either no reduction or a small reduction in 
hop rate for separation of adsorbed O with one neighboring O. This enhances the degree of 
reversibility in oxide island formation, given the constraint in our modeling that O with two 
or more neighbors are immobilized. For SiO desorption at rate kdes=vdesexp [-Edes/kT], we 
choose a prefactor of vdes=4xl019/s, and treat the desorption barrier, Edes, as a free parameter. 
This is perhaps the most significant parameter in the modeling, as it largely controls the 
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transition between active and passive oxidation. Vacancy diffusion is strongly anisotropic 
(one-dimensional) with hop rate hvac=vvacexp[-Evac/kT], where we choose a prefactor of 
vvac=1016/s and a diffusion barrier of Evac=1.7eV [31,32]. The vacancies in our modeling, 
which mediate nucleation (as well as growth) of vacancy pits, play the role of divacancies in 
the physical system (cf. Sec. 2), so their diffusion parameters are chosen accordingly. 
Model modifications relevant for the transition regime. We mention a few 
possibilities. (I) Additional barrier for oxide nucleation and growth. Following Ref. [12], we 
also consider the possibility of an additional barrier which inhibits aggregation of O's. To 
satisfy detailed-balance, addition of an extra barrier for the separation of neighboring O's, a 
feature which tends to offset the effect of the barrier for aggregation. (II) Dissociative 
molecular adsorption involving hot adatom motion [44], or other non-thermal processes. (Ill) 
Two barriers for SiO desorption. Given the expected dependence of the SiO desorption rate 
on nearby defects on the Si(100) surface, we allow the possibility of a second lower 
desorption barrier for adsorbed O which is adjacent to a divacancy or larger vacancy pit 
[17,22], but maintain a prefactor of Vdes=4xl019/s. 
High-temperature active oxidation. In the high T regime, the lifetime of adsorbed O 
on the surface is very short, so most of the above details of O diffusion and oxide formation 
become irrelevant. Vacancy diffusion and aggregation still creates elliptical etch pits, but one 
should modify the treatment of these processes from that described above. Diffusion will be 
more isotropic than at lower T, and vacancy pit formation will become reversible. In 
Appendix B, we analyze this situation with a model incorporating a variable critical size ivac 
(cf. Sec.2). We find that ivac =4 is required to match the experimentally observed vacancy pit 
density at 1045K [6,7]. 
4. SIMULATION RESULTS 
4.1. Standard Models. 
We now describe the results of our modeling and our procedures for parameter 
determination. Our primary goal is to achieve some level of agreement with the STM results 
of Peltz and coworkers [13] in the transition regime around 870K (or -600C) for the density 
46 
of oxide islands or oxide-capped Si nanoprotrusions, Nox=7xl0~4 nm"2, after prolonged 
exposure of Si(100) to oxygen leading to etching of -16 layers, and also for the etched 
surface morphology. As indicated above, the SiO desorption barrier is the most critical 
parameter. However, first we must confirm that the treatment of vacancy pit formation 
described in Sec.3 (ID diffusion and ivac=l) is appropriate in this temperature regime. At 
820K, simulations reveal that the vacancy pit density after etching of -20% of a layer 
satisfies Nvac = 2.7xl0"3, l.OxlO"3, and 0.4xl0"3 per site for ivac=l,2, and 3, respectively (for 
ID diffusion), which should be compared with a rough experimental estimate of -4x103 per 
site from Ref.[8]. Thus, we choose ivac=l. 
As a benchmark, first we consider the case of atomic adsorption, and compare later 
against molecular adsorption, which is relevant for most experiments [13]. We find that EDES 
cannot be chosen below 3.2-3.3 eV if we wish to have significant buildup of oxide at 870K. 
Choosing Edes too large (above ~3.5eV) means that the oxide island or nanoprotrusion 
density and oxide coverage significantly exceed observed values. We find that Nox depends 
somewhat weakly on the diffusion barrier for adsorbed oxygen, EQ. Nox actually decreases 
with increasing Eq in contrast to conventional nucleation theory for diffusion-mediated island 
formation during deposition. See Sec.5. However, the oxide coverage, and thus the 
morphology of the etched surface, is quite sensitive to the choice of E0. To match NOX 
behavior and the film morphologies in Ref.[13], we finally choose Edes~3.4eV and E0=2.5eV. 
Choosing Eq somewhat higher (lower) produces too small (too large) an oxygen coverage, 
corresponding to too narrow (too broad) nanoprotrusions. 
Second, we consider the case of molecular adsorption on adjacent sites. Formation of 
oxide islands is reversible in our modeling, and pair of O's formed by dissociative adsorption 
can separate by hopping at a rate similar to isolated O atoms. However, the feature that 
molecular adsorption creates pairs of O atoms which are initially adjacent still enhances the 
rate of oxide island formation. Thus, to recover values for Nox compatible with experiment, it 
is necessary to reduce the SiO desorption barrier (from the value for atomic adsorption) to 
Edes~3.2eV. Then, choosing E0=2.4eV leads to etch morphologies consistent with 
experiment. 
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In Fig.2a, we present results for the density of oxide islands or oxide-capped 
nanoprotrusions (of at least three O atoms), Nox, versus the number of layers etched for both 
atomic and molecular adsorption. Simulation results for the island density (filled symbols 
joined by lines) recover the typical value of the experimental densities (large crosses), but 
show a stronger decrease for late stage etching due to significant island coalescence at higher 
coverages. Here, islands are defined as clusters of laterally adjacent sites occupied by O or 
oxide species, irrespective of the height of these species. Coalesced clusters of islands are 
identified and counted as a single island according to a standard Hoshen-Kopelman 
percolation algorithm [45]. As an aside, we have also considered a modified algorithm that 
counts separately oxide-capped nanoprotrusions which have "coalesced" at their base, but 
which have well-defined separate peaks. Such counting avoids a decrease in Nox due to 
coalescence, but produces less of a plateau. Fig.2b shows the combined O plus oxide 
coverage increase for atomic and molecular adsorption. 
Pictures of the simulated morphology of the surface after etching of -16 layers are 
shown in Fig.3 for molecular adsorption (with the same parameters as in Fig.2). The 
morphology of the oxide-capped nanoprotrusions is similar to that observed in STM 
experiments where Nox ~7xl0~4 nm~2. See Fig.2 in Ref.[13], Our simulation images also show 
the etch pits in the layer of the Si substrate at the base of the nanoprotrusions which is 
currently being etched. In addition to the (mean) oxide island or nanoprotrusion density, one 
can determine the full size distribution of such oxide islands or protrusions. Here, size is 
measured in terms of the number of O adatoms, or equivalently in terms of lateral area. 
Results in Fig.4 for atomic adsorption reveal a monotonically decreasing distribution, a 
feature which will be discussed further below. 
Finally, a natural "global" characterization of the transition regime between active 
and passive oxidation comes from analysis of oxygen uptake curves, i.e., total oxygen plus 
oxide coverage versus exposure time. Fig.5 shows uptake curves for a range of T across the 
transition regime, for both atomic and molecular adsorption. One finds a transition from a 
Langmuir-type form for low T (where essentially all deposited oxygen remains on the 
surface) to a sigmoidal form for higher T (where SiO desorption is operative, and significant 
population of the surface with oxygen or oxide requires nucleation of oxide islands). See 
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Sec.5. This variation in form is familiar from experiments [9], and from simple modeling 
[9,10,46], In fact, our results for molecular adsorption are fairly close to experimental 
observations of Suemitsu et al. [9], their uptake occurring somewhat more rapidly at higher T 
(corresponding, e.g., to slightly higher Edes). 
4.2. Modified models. 
First, we consider the effect of including an additional barrier inhibiting aggregation 
of O's, and correspondingly include this barrier for the separation of O's. We find that 
adding a small barrier (in the model with atomic adsorption) does enhance rapid initial 
growth of N0x, similar to experiment, but the overall agreement is not improved. 
Second, we briefly comment on modifications to elucidate the difference in Nox 
resulting from atomic versus molecular adsorption. Consider molecular adsorption including 
either: (i) immediate separation of the "hot" O atoms in each deposited molecule by a 
distance up to R/2 along the bond direction, or until encountering another O atom or oxide 
island; or (ii) adsorption of one O atom in the depositing molecule at a single empty site, and 
abstraction and re-deposition of the second O a distance R away. As expected, one finds that 
as R increases, behavior approaches that of the atomic model. This limit is not achieved for 
the hot adatoms due to enhanced nucleation by separating atoms, but it is achieved for 
abstraction. Choosing model parameters for atomic adsorption (so R=0 becomes standard 
molecular adsorption with atomic adsorption parameters) at 870K, one finds Nox (in nm"2) 
decreases from 13xl0~4 for R=10a, to 11x10 4 for R=20a to 9x10 4 for R=30a, approaching 
experiment (7xl0~4) for 16 layers etched, where a~4A is the surface lattice constant. 
Crossover occurs as R exceeds the O diffusion length Lo=8a (see Sec.5), as then the fate of 
the constituent O atoms becomes independent. 
Finally, and perhaps most significantly, we consider the effect of incorporating a 
distinct barrier for SiO desorption which occurs adjacent to a surface vacancy or vacancy pit 
(i.e., adjacent to a step edge). Below Edes(perfect) denotes the SiO desorption barrier from the 
perfect surface, and Edes(defect) the barrier from a site adjacent to a vacancy "defect". For the 
model with atomic adsorption, we can now recover experimental values for Nox at 870K by 
choosing the key barriers as Edes(perfect)=3.5eV, Edes(defect)=2.6eV, and E(,=2. leV. Rather 
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than discuss these results in detail, we focus on the more relevant model with molecular 
adsorption where we can match experimental behavior at 870K comparably to the single 
desorption barrier model by now choosing the key barriers as Edes(perfect)=3.4eV, 
Edes(defect)~2.5eV, and E0~2.4eV. The behavior of Nox versus number of layers etched as 
one varies these barriers about the above values is indicated in Fig.6a [varying Edes(perfect)], 
Fig.ôb [varying Edes(defect)], and Fig.6c [varying E0]. 
5. DISCUSSION 
5.1. Standard Models. 
A key quantity controlling the formation of oxide islands and oxide-covered 
nanoprotrusions is the mean diffusion length of O on the surface before desorption, 
Lo=V(DoTdes)- Here, Do=a2ho=a2Voexp(-Eo/kT) is the diffusion coefficient for O, 
Tdes= l/kdes=exp(Edes/kT)/Vdes is the lifetime of O on the surface (before desorption as SiO), 
and again a~4 A is the surface lattice constant. Insight into the oxide formation kinetics 
comes from comparing Lq with the average oxide island or nanoprotrusion separation, 
LOX=(Nox)"1/2. If L0»LOX, then most O adatoms can reach an oxide island or protrusion before 
desorption. Then desorption does not play a key role, and a conventional mean-field (MF) 
rate equation treatment of diffusion-mediated nucleation and growth (without desorption) 
should apply [47,48], If LQ«L0X, then only oxygen deposited within a "ring" of width ~LQ 
surrounding the edge of oxide islands or protrusions will aggregate with them, so lateral 
growth of oxide covered regions should occur at roughly constant velocity. If one also 
recognizes that the density of adsorbed isolated O adatoms in this rapid desorption regime 
tends to be low and spatially uniform, then it follow that nucleation of new oxide islands is 
spatially random. These two features together indicate that the kinetics of oxide formation in 
the regime Lo«Lox should be described by an Avrami model [49] which involves random 
nucleation and growth at constant velocity. Conventional MF rate equations do not apply. 
The above analysis is based on a simplified but reasonable picture which ignores the 
influence of Si surface structure on oxide formation, and instead just focuses on the key 
aspects of the O dynamics: adsorption of O, diffusion and aggregation of O, in competition 
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with desorption (in the form of SiO). From this perspective, a unified analysis of model 
behavior in both the above regimes comes from the more general formulation of nucleation 
theory for "incomplete condensation", i.e., nucleation in the presence of desorption 
[47,50,51]. For simulations using our standard models of the experimental data of Peltz and 
coworkers at 870K (or -600C) for -16 layers etched, one finds that L0 = 8a (atomic 
adsorption) or 4a (molecular adsorption) is far smaller than Lox = 106a. Indeed, the observed 
sigmoidal form of the oxygen uptake curves for these conditions in Fig.5 is consistent with 
Avrami kinetics [49], as is the monotonie ally decreasing oxide cluster size distribution [52] 
shown in Fig.4. 
A more comprehensive analysis comes from applying the scaling theory results 
[47,50] 
Nox-(a'Do^^^a",forLo>>Lox=(Nox)^" (la) 
and 
Nox = c (FW^(l+a'Lo)^a', forLo«LoX=(NoJ^, (lb) 
where i0 is a critical size above which oxide islands are stable. In our model, where single 
bond-scission is facile, but doubly-coordinated O are immobile, the smallest stable cluster is 
a square tetramer, so it is reasonable to assign io=3. The result for Lo»Lox with negligible 
desorption is familiar from conventional nucleation theory [47,48]: an increased diffusion 
rate relative to deposition increases distance that atoms travel before nucleation or 
aggregation, and thus increases Lox and lowers N0X. The result for L0«Lox with rapid 
desorption comes from Ref.[50]. An increased lifetime, Tdes, for adsorbed O greatly enhances 
the density, po=FTdes, of such O, and thus increases the nucleation rate, Jox~Do(Po)10+1 and 
island density. Unconventionally, an increased diffusion rate, D0, also increases Jox and Nox. 
(This is not the case in conventional nucleation theory with negligible desorption, since p0 is 
determined by a steady-state condition and decreases with increasing D0, more than 
compensating for the explicit factor of D0 in Jox.) 
The expression (lb) for Nox with L0«Lox and setting c~4 recovers the simulation 
result of Nox=6xl0~4 nm"2 after 16 layers etched at 870K for atomic adsorption. However, as 
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might be expected, (lb) is not so effective for molecular adsorption, as the simple theory 
does not account for the effect of simultaneously adsorbing pairs of nearby O atoms. 
Nonetheless, (lb) might reasonably used to explain or predict other aspects of behavior. For 
example, we noted in Sec.4 that Nox decreased "unconventionally" with increasing Eq at 
870K for our parameter choice. This dependence follows directly from the factor (l+a_1Lo)2/3 
in (lb). 
We can also predict changes in behavior with varying temperature, T. It is clear that 
Lo will decrease with increasing T, as the reduced lifetime of adsorbed O dominates the 
enhanced diffusivity. On the other hand for L0«Lox, from (lb), Lox will increase with 
increasing T, mainly due to the decreased lifetime Tdes. Thus, the inequality Lo«Lox noted 
above at 870K is strengthened by increasing T. On the other hand, L0 increases with 
decreasing T (e.g., from 8a at 870K by a factor of 1.5 to 12a at 820K), and Lox decreases with 
decreasing T, so potentially should find a crossover to the regime of conventional nucleation 
where L0»Lox. However, this transition occurs in the regime of passive oxidation with 
Langmuir-type kinetics, and is thus not visible in the oxygen uptake curves (see the 
following). We should also note that the simple formula (lb) with io=3 overestimates the 
variation of Nox or Lox with T. From simulations for 8 layers etched, Lox=113a at 870K 
decreases by a factor of 2.5 to 46a by 820K, whereas (lb) predicts a decrease by a factor of 
18. Further simulations show that Lo and Lox become comparable at -790K, where behavior 
should crossover from Avrami to conventional nucleation. 
Next, as indicated above, it is appropriate to comment further on the evolution of the 
oxygen uptake curves in Fig.5 with T. As mentioned in Sec.4, we find expected Langmuir-
type forms for low T where essentially all O remains on the surface. Specifically, for atomic 
adsorption, it is clear from Fig.5 that the coverage of oxygen, 0O (in ML), should approach 
the classic Langmuir form, 0o=l-exp(-Ft), for low T. The situation is more complicated for 
molecular adsorption in our model, as the requirement of two adjacent empty sites for 
adsorption precludes complete filling of the surface, so 0O will approach exponentially a 
"jammed" coverage [53] less than unity (cf. Fig.5b). The transition of uptake curves from 
Langmuir-type to sigmoidal form with increasing T is explained by our Avrami analysis of 
behavior at higher T. 
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5.2. Modified model with two distinct SiO desorption barriers. 
Evaluating L0 using the relevant Edes(perfect) and E0, one obtains values of 
Lo(perfeet) = 174a (9a) at 870K for atomic (molecular) adsorption. However, since now 
desorption is rapid at the edge of vacancy pits, the effective O diffusion length before 
desorption satisfies L0(effective)=min{Lo(perfect), Lvac}, where Lvac = (Nvac)"1/2 = 32a (10a) 
is the vacancy pit separation at 870K for atomic (molecular) adsorption. Since Lo(effective) 
at 870K is always much smaller than Lox~100a, the Avrami-type picture of oxide formation 
kinetics should again apply. Of course, now the structure of the etched surface is important, 
and to extend this analysis to other temperatures, one must determine how the vacancy pit 
separation varies with T. Insight can be obtained from applying nucleation theory for 
anistropic diffusion, which also quantifies crossover behavior from ID to 2D diffusion [54]. 
6. CONCLUSIONS 
We have developed an atomistic model capable of describing the complex 
morphology of the Si(100) surface which results from prolonged and extensive etching in 
competition with oxide formation. This requires appropriate treatment of the Si(100) surface 
dynamics simultaneously with the reaction kinetics of etching and oxidation. We are able to 
recover experimental observations for not just the oxygen uptake kinetics, and values of the 
oxide island or nanoprotrusion density, but also for the actual surface morphology. This is 
achieved with a single-species model (where strongly-bound Oa species control both etching 
and oxide formation), rather than a dual-species model (where a second weakly-bound 
precursor Op species controls etching). Our use of such a model is motivated in part by 
SIMOMM calculations. We believe it is valuable to determine the complex behavior of such 
a single-species model with a treatment going beyond the typical approximate mean-field 
(MF) rate equation analysis. Such a MF analysis is not appropriate for some regimes of 
nucleation as noted above. Our best fits to experimental data are obtained with reasonable 
choices for key activation barriers for etching and oxygen diffusion. Our match to 
experimental Nox values should provide some robustness in our estimates of Edes (irrespective 
of the details of our treatment of oxide formation). 
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Our basic model with a single SiO desorption barrier has been refined to incorporate 
two distinct barriers. Here, desorption from a perfect Si(100) terrace has a higher barrier than 
desorption from a site adjacent to a defect (which could be a single vacancy or most 
commonly the edge of a vacancy pit). This distinction is also consistent with SIMOMM and 
GGA calculations. In this refined model at 600C, the O diffusion length before desorption for 
a perfect terrace, L0, can now exceed the vacancy pit separation, Lvac. Thus, rather than 
"random etching" of terraces by O followed by diffusion of divacancies to the edges of etch 
pits, one potentially has a picture of diffusion of O to pit edges and direct rapid etching of 
those edges. These two scenarios have been discussed previously, as well as the difficulty in 
distinguishing them from experiment [8], As an aside, we emphasize that the situation is 
different at the higher T-1045K considered in LEEM studies of etching [6], since Lo is much 
smaller than the very large Lvac=:3200a due in part to rapid SiO desorption, 
Next, we note that predictions for the evolution of the oxide island density, Nox, from 
the above models do not seem to show the same degree of saturation as in experiment [13]. 
Recall that we have imposed layer-by-layer etching of the substrate, but in reality expect 
slow roughening. Within the two barrier model for SiO desorption, this roughening would 
lead to enhanced etching (due to the lower barrier for etching at steps in the Si substrate). 
This, in turn, would reduce the population of adsorbed O, leading to reduced nucleation and 
increased saturation. Thus, incorporating roughening of the substrate during etching (and 
perhaps other modifications to the model) could thus improve the match to experiment. 
We also should note the potential non-uniqueness in the selection of parameters made 
in our models to match experiment. This in part reflects the complex many-parameter nature 
of these models. As an example, we found that Nox increased on decreasing E0 from the 
selected value at 870K (consistent with nucleation in the regime L0«Lox). However, greatly 
decreasing E0 must eventually lead to a decrease in Nox, consistent with conventional 
nucleation behavior (for L0»Lox), thus potentially providing another parameter choice 
consistent with experiment. Our conventional atomistic simulations become inefficient in the 
regime of low Eo since given the reversible nature of oxide island formation, this regime is 
characterized by a high density of rapidly hopping O on the surface. However, other more 
efficient strategies [55] may apply. 
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Finally, we mention that some experimental and theoretical studies have considered 
etching of vicinal surfaces with "narrow" terraces [8,12]. Here, one observes an expected 
transition from etching primarily at step edges for higher T or lower P02 (step flow regime) to 
etching of the terraces for lower T or higher P02 (pit nucleation regime). Even for etching at 
higher T on nearly singular (flat) surfaces, one observes bending of steps around oxide 
nanoprotrusions which act as pinning sites [13]. Our current treatment of etch pit evolution 
with enforced elliptical shape cannot handle etching at extended step edges. In future 
modeling, we will incorporate a detailed treatment of Si step edge dynamics, involving 
relevant attachment and detachment processes [39]. This will allow unified treatment of 
etching pit growth and etching at extended step edges. We will also include an explicit 
treatment of the monovacancy to divacancy transformation, and treatment of the associated 
ejected Si adatom dynamics. 
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APPENDIX A: ALGORITHM FOR GROWTH OF ELLIPTICAL 
VACANCY PITS 
Prior to initiating simulation of the etching process, we construct and store a sequence 
of pairs, (Si, 8j), of site labels on a square lattice chosen to mimic as closely as possible 
growth of an ellipse about the origin, (0, 0), with prescribed aspect ratio. Then, when a 
vacancy pair is formed in the etching simulation, one vacancy is designated as the center, (ic, 
jc), of the elliptical pit growing about that vacancy (or which might grow about it if iv>l). 
During growth of individual (isolated) vacancy pits, subsequent vacancy sites are added at 
(ic+ôi, jc+ôj), according to the predetermined growth sequence, provided such sites are 
available (e.g., not covered by O or oxide). If a site is not available, it is skipped and the next 
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available site in the growth sequence is used. If a previously unavailable site later becomes 
available (e.g., due to O hopping), it will be incorporated into the vacancy pit following a 
later vacancy aggregation or creation event. 
All sites in each such pit are given the same label (used below). When two such 
growing pits collide, they continue to grow as overlapping ellipses. When vacancies diffuse 
to or are created by SiO desorption next to a perimeter site of one of the overlapping 
elliptical pits, first we determine to which ellipse it is adjacent (based on the ellipse label). 
Then, it is added to the next available site in the growth sequence of that ellipse. A similar 
approach is used when a vacancy is created by SiO desorption at the base of one of these pits. 
This type of algorithm was developed previously to treat near-square islands formed 
in metal(lOO) homoepitaxy [56]. It provides a computationally efficient approach for 
simulating island or pit nucleation and growth, with the flexibility to prescribe shape. It 
produces correct size and spatial distributions, in contrast to mean-field treatments. Of 
course, we cannot precisely treat island growth shapes, which are determined by the 
competition between pit growth and relaxation due to detachment and reattachment of 
processes at their perimeters [39]. Furthermore, our approach is not suited to treat etching of 
extended steps on vicinal surfaces [12]. However, for our application, it should suffice to 
treat individual islands as ellipses with a reasonable choice of aspect ratio. For example, at 
1045K, we estimate the value of the aspect ratio for equilibrated elliptical adatom islands 
(and thus for vacancy pits) is 2.4 (cf. [39]), but the observed value for pits generated by 
etching with O2 is roughly 1.95 [6]. Thus, we would choose the latter. For temperatures 
below -850K, vacancy pits cannot readily achieve a regular elliptical shape during etching, 
i.e., they can be more irregular, especially at lower T. However, these irregularities should 
not greatly affect the final etched surface morphologies. 
APPENDIX B: ANALYSIS OF ETCH PIT FORMATION AT HIGH 
TEMPERATURES 
At high T above about 900K, there is negligible accumulation of adsorbed O on the 
Si(100) surface, so one has purely "active" oxidation. The observed vacancy pit density, Nvac, 
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at 1045K is of the order of 10"7 per site [6,7]. Our goal is to perform simulations to elucidate 
behavior in this regime in which we treat vacancy diffusion as isotropic. It is time consuming 
and unnecessary to simulate systems sufficiently large (at least 10000x10000 surface atoms 
or sites) to accurately assess pit densities in this range. Instead, we adopt the following 
strategy. We choose all parameters in the model to correspond to physical values at 1045K 
except the rate, hvac, for isotropic hopping of vacancies. For each prescribed critical size for 
vacancy pit formation (see below), we determine the variation of the vacancy pit density, 
Nvac, with hva/F up to 108. By extrapolation, we can thus reliably estimate Nvac for the larger 
value of hvac/F=2xl010 corresponding to 1045K (for vvac=1016/s and Evac=1.7eV, but we now 
make diffusion isotropic). 
We note that for our model, vacancies are effectively created randomly at rate 
F=0.0027ML/s, since oxygen deposited at this rate immediately desorbs creating vacancies. 
(More specifically, we expect that atoms from each adsorbing 02 quickly etch at nearby sites, 
since L0 is small, resulting in creation of a single divacancy.) Thus, our complex etching 
model reduces to a conventional nucleation and growth model, i.e., random "deposition" of 
divacancies at rate F, and formation of etch pits mediated by isotropic divacancy diffusion at 
rate hv. 
We adopt the following simplified but convenient approach to implementing models 
with a "broad" range of critical sizes ivac=l-5 above which pits are stable. Conventionally, for 
critical size ivac, one checks if vacancy hopping or creation produces a new vacancy cluster of 
any shape with size ivac+l. One then permanently stabilizes that cluster. Instead, it is more 
convenient to just count vacancies on neighboring sites after hopping or creation. However, 
most stable pits are created by hopping, where after hopping the vacancy can have at most 3 
nearest-neighbor (NN) vacancies. Thus, to accommodate critical sizes ivac>3, we have 
somewhat unconventionally included next NN sites, as well as NN sites, in the above 
vacancy count determining critical size. Thus, in our prescription, a new stable vacancy pit is 
nucleated when a vacancy diffuses to a site which has a total of ivac NN and next NN 
vacancies (which were not already in a stable cluster). It should also be emphasized that in 
our prescription, not all clusters of ivac+l vacancies created become stable, in contrast to the 
conventional definition of critical size. In fact, a relatively small fraction of such clusters are 
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stable for larger ivac given the above dynamic rule for forming stable clusters. However, rate 
equation analysis [47,48] shows that the conventional scaling, Nvac ~ (hvac/F)"lvac/<lvac+2), still 
applies for this modified definition of critical size. 
Simulation results shown in Fig.7 for our model with atomic adsorption indicate that 
the experimental pit density at 1045K is best fit by a critical size ivac=4. In Fig.8, we show a 
typical example of the distribution of vacancy pits generated by our model. We actually 
generate the distribution with hvac smaller than its value at 1045K, but then rescale distances 
to ensure the correct density for 1045K. Here, we are exploiting spatial self-similarity of this 
type of nucleation and growth model [48,56] for fixed ivac and fixed coverage, and various 
(large) hvac/F. 
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Fig.l. Schematic of atomistic processes associated with etching and oxidation of Si(100). SV 
denote monovacancies, and DV denote divacancies created from SV by ejection of an Si 
adatom (as shown). Elliptical vacancy or etch pits are often denoted as V-pits. The schematic 
also shows an oxide island sitting on the lowest "active" layer currently being etched, and a 
multilayer oxide capped Si nanoprotrusion. The lines on the Si(100) substrate indicate the 
dimer row direction. 
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Fig.2. (a) Oxide cluster density, Nox, versus the number of layers etched at 870K (-600C) 
and F=0.0016ML/s. Results are shown for the model with atomic adsorption (circles) with 
Edes~3.4eV, Eo~2.4eV, and r=0.5, and for molecular adsorption (squares) with Edcs=3.2eV, 
E0~2.3eV, and r=0.9. The large crosses (+) indicate experimental data from Ref. [13]. (b) 
Oxygen uptake curves corresponding to the above models and conditions. 
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(b) 
Fig.3. Morphology of the Si(100) surface after etching of -16 layers at 870K, as predicted 
from the model with molecular adsorption with parameters as in Fig.2. (a) 3D view of a 
3000A X3000A region of the surface highlighting the cone-like oxide-capped Si 
nanoprotrusions. This picture should be compared with the similar experimental morphology 
O O 
shown in Fig.2a of Ref.[13]. (b) Top view of a 780A X780A sub-region of the above image 
using gray scale to highlight the elliptical etch pits (darkest regions) in the lowest layer 
currently being etched, and a few oxide-capped Si nanoprotrusions (brighter denotes higher 
layers). 
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Fig.4. Size distribution of oxide clusters (size s = number of O atoms) after 16 layers etched 
at 870K, as predicted by the model with atomic adsorption with parameters as in Fig.2. 
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Fig.5. Temperature-dependence of oxygen uptake for the model with: (a) atomic adsorption; 
(b) molecular adsorption (with F=0.0053ML/s matching Ref.[9]). In our modeling, O atoms 
cannot reside directly above one another, so the maximum coverage of adsorbed O is 1ML 
corresponding to a completely covered surface. 
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Fig. 6. Oxide cluster density, Nox, versus the number of layers etched at 870K. Results are 
shown for the model with molecular adsorption with F=0.0016ML/s, r=l, and two distinct 
barriers for desorption of SiO. Dependence of Nox on: (a) the SiO desorption barrier for a 
perfect surface, Edes(perfect), for fixed Edes(defect)=2.50eV and E0=2.38eV; (b) the defect-
assisted SiO desorption barriers, Edes(defect), for fixed Edes(perfect)=3.35eV and E0=2.38eV; 
(c) the O diffusion barrier, E0, for fixed Edes(perfect)=3.35eV and Edes(defect)=2.50eV. The 
large crosses (+) show experimental data from Ref. [13]. 
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Fig.8. Vacancy or etch pit distribution at 1045K corresponding to LEEM observations in 
Ref.[6], where our simulations use ivac=4. 
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ABSTRACT 
Exposure of a vicinal Si(100) surface to oxygen between about 550 C and 700 C for 
low oxygen pressures produces etching-mediated step recession in competition with oxide 
island formation. Furthermore, the formation of oxide islands results in local pinning of the 
receding steps which produces complex surface morphologies. An atomistic lattice-gas 
model is developed to describe these processes which accounts for the interplay between 
oxygen surface chemistry and the silicon surface and step dynamics. The oxygen related-
processes include adsorption, diffusion, oxide formation, and etching via SiO desorption. The 
silicon surface processes include conversion of single vacancies formed by etching to di-
vacancies and Si adatoms, anisotropic diffusion and aggregation of these di-vacancies and Si 
adatoms, and Si ad-dimer attachment-detachment dynamics at steps which reflects 
anisotropic energetics. Kinetic Monte Carlo simulation of this model allows characterization 
of the evolving step morphologies. Steps retain some qualitative features of their equilibrium 
structure, i.e., alternating rough Sg steps and smooth SA steps, although etching tends to 
produce step pairing, and pinning produces protruding "finger" morphologies. These features 
are seen in Scanning Tunneling Microscopy studies. We also comment on other features of 
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evolution such as a mixed pit nucleation and step flow mode, and note similarities with step 
flow-type growth during Si molecular beam epitaxy. 
/. INTRODUCTION 
Molecular oxygen can react with various surfaces of silicon to produce etching, 
described by the mechanism Si(solid) + Vi 02(gas) —> SiO(gas) + surface vacancy, or 
alternatively surface oxide formation, described by Si(solid) + CMgas) —» SiOaCsolid) [1], At 
high surface temperatures (T), the lifetime of surface oxygen is small since SiO desorption is 
rapid, and etching of the surface or "active oxidation" dominates [1,2]. At low T, SiO 
desorption is inhibited or inoperative and the formation of the surface oxide predominates. 
Since the existence of oxide islands on the surface passivates or masks the underlying Si 
from etching, this regime is also described as "passive oxidation" [1,3]. For moderate T, 
there is a transition regime involving competition between both etching and oxide formation 
which can lead to complex surface morphologies [4-9]. There is also some dependence on 
oxygen pressure, these regimes and the transition between them shifting to lower 
temperatures for lower pressures. The transition regime occurs at around 550 C - 700 C for 
lower oxygen pressures of ~10"8 Torr [5], 
For studies on perfectly flat (singular) low-index Si(100) or Si(lll) surfaces, or on 
slightly miscut low-index surfaces where terrace widths far exceed relevant diffusion lengths, 
initial exposure to oxygen at higher T leads to the nucleation and growth of monolayer deep 
etch pits [1,2,6,8,10,11], This process is believed to be mediated by the formation, diffusion 
and subsequent aggregation of surface vacancies [2,10,11], Prolonged exposure leads to 
coalescence of these pits, and ultimately to pit formation in and etching of lower layers. This 
picture should apply generally to other surfaces of silicon [12]. In the transition regime at 
lower T, oxide islands are also formed which protect the underlying substrate as surrounding 
layers are etched. Thus, prolonged etching leads to the formation of cone-shaped oxide-
covered Si-nanoprotrusions extending above the substrate layer currently being etched [7,8]. 
Typical silicon surfaces are not perfectly flat, but rather vicinal having a significant 
miscut angle relative to the (100) or (111) orientations. Such vicinal surfaces exhibit a 
staircase morphology being crossed by a roughly periodic arrays of steps [4,13,14], Etching 
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of such surface can produce step recession when the vacancies resulting from etching diffuse 
to and erode step edges [4,5,10,12]. At high T, etching can correspond to a pure step flow 
regime, but at lower T etching can also produce nucleation and growth of vacancy etch pits at 
least on broader terraces [7], Simultaneous formation of oxide islands in the transition regime 
at lower T produces pinning centers which interfere with this step recession process, and 
result in the creation of protruding "fingers" [4,5]. Many of these features are revealed in 
Scanning Tunneling Microscopy (STM) studies [4-7,12], As an aside, it should be noted that 
some of the features described above for step-flow etching should have analogues for step-
flow growth on Si surfaces during Si molecular beam epitaxy [14]. Since step-flow growth 
has been analyzed in detail [14], some comparison is appropriate of the key findings of these 
previous studies with the current analysis of behavior during etching. 
The above observations motivate us to develop an atomistic model which can 
describe the basic features of simultaneous etching and oxidation on vicinal Si(100) surfaces. 
Our modeling includes a realistic description of key diffusion kinetics, especially of surface 
vacancies, a feature not incorporated in previous modeling [6], Our goal is to elucidate the 
complex interplay between the surface chemistry of etching and oxidation, and the Si(100) 
surface and step dynamics. The output of the model will be a detailed characterization of the 
evolution of surface morphology of the etched vicinal surface, which can be compared 
against experimental STM observations. In Sec.2, we first provide further background and 
details on the key surface processes operating in the oxygen + Si(100) system. Then, in 
Sec.3, we describe the ingredients of our atomistic lattice-gas model. Some benchmarking 
analysis of the behavior of this model for a singular Si(100) surface, as well as associated 
parameter determination, is presented in Sec.4. Then, in Sec.5, we present the results from 
our simulation studies for the etched surface morphology of vicinal Si(100). Finally, we offer 
some further discussion and a summary of our findings in Sec.6. 
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2. FURTHER CHARACTERIZATION OF THE VICINAL Si(lOO) + 
OXYGEN SYSTEM 
A comprehensive characterization of the vicinal Si(100) + oxygen system, which can 
guide the development of our atomistic lattice-gas (LG) model, involves specification of both 
the vicinal Si(100) surface structure and dynamics, as well as the oxygen surface chemistry. 
Both of these are described in more detail below and indicated schematically in Fig. 1. 
Equilibrium structure and dynamics of vicinal SidOO) surfaces. The clean Si(100) 
surface reconstructs so that Si surface atoms pair to form dimers thereby reducing the number 
of dangling bonds from two to one per atom. These surface dimers are aligned side-to-side in 
rows, the direction of which (indicated by the thin lines in Fig.l) alternates between 
consecutive terraces separated by monatomic steps [13,14], This feature of surface structure, 
and the tendency for etching to create di-vacancies (as described below), means that the 
dimer is the natural building block for the description of surface structure and in our lattice-
gas model. 
One particularly significant feature of the Si(100) surface is a strong anisotropy in the 
attractive interactions between the surface dimers: the interaction between adjacent dimers 
within the same dimer row is much stronger than between adjacent dimers in neighboring 
dimer rows [13]. This interaction anisotropy implies a high kink creation energy on so-called 
SA-steps which run parallel to the dimer rows (on the upper terrace bordering the step). The 
high kink creation energy reflects the feature that kinks on SA steps correspond to broken 
strong bonds between dimers in the same row. Likewise, this anisotropy implies a low kink 
creation energy for SB-steps which run orthogonal to dimer rows, as kinks on SB steps 
correspond to broken weak bonds between dimers in neighboring rows. Consequently, this 
anisotropy in kink creation energies leads to the well-known feature of alternating rough or 
meandering SB-steps, and smooth or nearly straight SA-steps, on a vicinal Si(100) surface 
[13]. Given these two different types of steps, it is conventional to distinguish two distinct 
types of terraces: TA-terraces are those above SA-steps for which the dimer rows run along 
the direction of the terrace; Tg-terraces are those above Sg-steps for which the dimer rows 
runs across the terrace. 
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It should also be noted that the interaction anisotropy implies a low step energy for 
SA-steps reflecting the feature that weak bonds between dimers in neighboring rows must be 
broken to create the step. It also implies a high step energy for Sg-steps since strong bonds 
between dimers in the same row are broken in creating the step. This impacts the equilibrium 
shape of adatom islands [15] or vacancy pits [16] on the Si(100) surface. Both tend to be 
elliptical with their longer sides oriented in the direction of the low-energy Sa steps. This 
observation is relevant for our studies, since etching can produce vacancy pits. 
A complete and detailed description of local step structure on Si(100) should also 
reflect the feature that kinked steps are for the most part composed of units of pairs of 
dimers, so kink heights are in multiples of 2a (where a denotes the lattice constant of the 
unreconstructed surface). Furthermore, the dominant mass-transport mechanism facilitating 
equilibration at step edges is often assumed to involve detachment and reattachment, 
primarily of pairs of dimers. Thus, most of the previous detailed modeling of step structure 
and dynamics is based on attachment-detachment of dimer pairs subject to anisotropic 
nearest-neighbor interactions, but also including weaker longer range next-neighbor 
interactions or additional corner energies [13,17], However, the basic features of mesoscale 
step, island, or pit structure and dynamics, which are of relevance in our study, can be 
reasonably captured by a lower level of modeling. Thus, as a first step towards describing 
evolution in the complex vicinal Si(100) + oxygen system, we adopt a simpler level of 
description based on attachment-detachment of single dimers which are subject only to 
anisotropic nearest-neighbor pairwise interactions. See Sec.3. 
Interaction of oxygen with the Si(lOO) surface. Molecular oxygen absorbs 
dissociatively on the Si(100) surface. The constituent O adatoms do not immediately nucleate 
an oxide island but rather typically separate via thermal surface diffusion [1,8]. This implies 
that two adjacent O-adatoms do not form a stable nucleus for an oxide cluster, i.e., the critical 
size above which oxide clusters are stable exceeds unity. In other words, the nucleation of 
oxide islands, which is mediated by diffusion of O adatoms, is reversible at typical surface 
temperatures [8]. There have been several studies of oxide nucleation following exposure to 
H20 [18,19], and after exposure to oxygen at lower T where there is a high O-adatom 
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buildup [20]. However, behavior in the regime of interest for this study is likely rather 
different. 
Some detailed insights into the oxygen adsorption and etching energetics have been 
obtained from ab-initio Surface Integrated Molecular Orbital - Molecular Mechanics 
(SIMOMM) analyses [21,23], In this approach, a cluster of Si substrate atoms surrounding 
the adsorption or etching site is treated with high-level MO methods, and this cluster is 
embedded in a larger region treated at a much lower MM level. Such an analysis of the 
0+Si(100) system supports the previous density functional theory (DFT) studies [22] which 
indicated that there are multiple configurations of strongly adsorbed surface O which can 
rapidly inter-convert [23]. These are naturally treated collectively as a single adsorbed state 
in our modeling. The SIMOMM analysis [23] also finds no evidence for a distinct weakly-
adsorbed species often postulated to mediate etching, a feature often incorporated into 
previous "dual-species" modeling [1,7,9], but not in our "single-species" modeling. The 
barrier for surface diffusion for O adatoms has not yet been directly calculated from 
SIMMOM, but studies for local motion of O between different adsoption sites suggest a 
diffusion barrier is in the range 2.0-2.5 eV, which is consistent with other DFT studies [18]. 
The desorption barrier for SiO is the key parameter controlling the transition from 
active to passive oxidation upon lowering T. Estimates in the literature range from ~2 eV [2] 
to ~4 eV [1], with SIMOMM predicting closer to 4 eV for a perfect surface [23]. When a 
single O adatom reacts with (i.e., etches) a defect-free portion of the flat Si(100) surface by 
desorbing as a volatile SiO species [1], a single vacancy (SV) is created. This SV is believed 
to quickly convert to a di-vacancy (DV) by ejecting the remaining single unpaired Si atom up 
onto the Si(100) surface [24]. Thus, etching creates both DV's and single Si adatoms. 
We should also emphasize that SIMOMM also indicates substantially lower barriers 
for SiO desorption resulting from reaction of O with Si which are not paired in a surface 
dimer [23]. This would include reaction of O with Si adatoms created from previous etching 
events when the associated SV converts to a DV. The barrier for reaction of O with an Si ad-
dimer is also likely lower than for reaction with a dimer embedded in a defect-free portion of 
the Si(100) surface. 
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3. LATTICE-GAS MODEL FOR THE VICINAL Si(lOO) + OXYGEN 
SYSTEM 
Here we implement a "simple" lattice-gas (LG) model to describe etching and 
oxidation of vicinal Si(100). Below, we separately describe the components of the model 
pertaining to the silicon surface dynamics, and to the oxygen surface chemistry. The kinetic 
Monte Carlo (KMC) simulation algorithm used to implement this model is described briefly 
in Appendix A. Some refinements to the model described below are discussed in Appendix 
B. 
Dynamics of the Si(lOO) surface. Our atomistic LG model is designed to incorporate 
the mesoscale features of surface morphology described above. The Si(100) surface is 
regarded as built up of Si-dimers (rather than single atoms), and these are located at the sites 
of a regular simple cubic lattice. We must specify the orientation of the dimer rows which 
alternates between adjacent layers. We assume anisotropic lateral nearest-neighbor 
interactions between these dimer units: a weak attraction, (|)j_, between dimers in adjacent 
rows (i.e., in the direction orthogonal to the dimer rows), and a strong attraction, <|)||, between 
dimers in the same row (i.e., in the direction parallel to the dimer rows). These interactions 
are selected as (j)j_ = 0.1 eV and §\\ ~ 0.4 eV so that our model mimics the equilibrium step 
structure on vicinal Si(100). See Sec.4. 
Our model incorporates detachment, terrace diffusion, and re-attachment of Si dimers 
at step edges with hop rates assumed to have Arrhenius form h$i2 = vSi2 exp(-(3ESl2). Here, the 
attempt frequency is Vsi2=1012/s, and (3= l/(kBT) is the inverse temperature. Terrace diffusion 
of an Si ad-dimer is described by a barrier of Esi2=Ed, where Ed =Ed \\ =1.0 eV for hopping 
along the dimer rows, and Ed = Edj_ = 1.3 eV for hopping orthogonal to these rows [25,26]. 
Barriers for intra-layer detachment at step edges are given by ESi2 = Ed+nj_(t>i-i-n||(|)||. Here, n, 
denotes the number of in-layer neighbors in adjacent dimers rows, and ny the number in the 
same row, prior to detachment, and Ed is chosen according to the direction of hopping. Our 
modeling also incorporates inter-layer detachment at step edges (i.e., hopping from the step 
edge up onto the upper terrace) with the same form for the barrier except that we somewhat 
arbitrarily (but not unreasonably) set Ed = Vi (Ed \\ + Edi ) =1.15 eV. Attachment rates and 
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barriers for the reverse process are determined by detailed-balance. Hops up and down 
multiple height steps are allowed. 
This generic "bond-counting" prescription of Si dimer hopping dynamics does allow 
DV formation at step edges, and DV diffusion via hopping of adjacent Si dimers into the DV 
location. The diffusion barrier for this indirect DV hopping process, as determined by the 
above bond-counting prescription, is either Ed ||+(|) | +2(|)|| = 1.9 eV for hopping in the direction 
of the underlying dimer row, or Ed_L+2<|)i-K|>|| = 1.9eV for hopping orthogonal to the 
underlying dimer row. (Diffusion of DV's via this pathway just happens to be isotropic for 
our parameter choice.) However, the experimentally observed diffusion of di-vacancies is 
strongly anisotropic, with a significantly lower value of EDV = 1.7 eV for hopping in the 
direction of the surface dimer row [27]. We thus refine the above generic prescription of 
silicon dynamics by incorporating an additional "direct" diffusion pathway for isolated DV's 
along dimer rows with rate hDV = Vdv exp(-(3EDV). We use the observed barrier of EDV = 1.7 
eV and prefactor of Vdv = 1016/s [27]. To satisfy detailed-balance, this direct pathway is not 
operative for hops which destroy isolated vacancies such as incorporation at step edges or 
aggregation with other DV's. 
We also do not allow surface dimers which are embedded in a terrace with 
coordination number of four to hop up onto the terrace. We assume that this process is rare, 
and as a result is not significant. Thus, we cannot allow the reverse process of filling of 
isolated DV's by diffusing dimers, as this would violate detailed-balance and corrupt the 
equilibrium structure of the model. This implies that DV's which diffuse to ascending steps 
cannot erode them, as the required "hopping up" of a DV corresponds to hopping down of a 
Si dimer to fill the DV. Thus, step erosion mediated by intralayer diffusion of DV's occurs 
only at descending steps. 
Finally, we emphasize that our model based on the above rules incorporates effective 
anisotropic incorporation of DV's at step edges, specifically favoring Sb steps. This is partly 
because anisotropy in diffusion means that the most commonly reached descending steps will 
be Sg-type. Apart from the frequency of reaching step edges, when a DV reaches an Sb step, 
a strong bond is gained, versus a weak bond upon reaching an Sa step. This latter feature, 
deriving from anisotropic energetics, also implies anisotropic incorporation of DV's. 
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Interaction of oxygen with the SidOO) surface. In our atomistic LG model, molecular 
oxygen adsorbs dissociatively at a rate of F=0.0016/s per site on adjacent empty sites of the 
Si substrate, i.e., on sites not covered by adsorbed O or oxide. This rate corresponds roughly 
to an oxygen pressure of P02=6 x 10"8 Torr, where we assume that F=2.7xl0"4 P02 [8]. 
Isolated O adatoms are assumed diffuse isotropically to adjacent sites on the surface with hop 
rate h0 = Vo exp(-(3Ed0), where Ed0=2.4 eV and VQ=1016/S [18]. An O adatom with one 
neighboring O can still hop, but with rate generally reduced from hG by a factor r (actually 
set to unity here). However, O adatoms with two or more neighboring O's are regarded as 
immobilized into oxide islands. This, of course, is a rather crude treatment of reversible 
formation of oxide islands, but it will suffice to roughly recover observed oxide island 
densities and oxygen uptake kinetics as discussed in Sec.4 [8], In this treatment, we assume 
that O adatom hopping and oxide nucleation is insensitive to Si surface structure, i.e., O can 
hop across steps at the same rate as for terrace diffusion, and O on adjacent terraces with 
different heights can form oxide islands [8], 
It is also possible for O adatoms to etch the underlying Si atoms at rate dsio = 
vSio exp(-|3Esio), where we set Vsio = 4 x 1019/s [1], and choose ESio = 3.23 eV. The oxide 
island density is quite sensitive to the value of ESio which is chosen to roughly recover 
experimental observations. See Sec.4. Each etching event involving a Si embedded in a 
terrace creates a SV, which in our modeling immediately converts to a DV and a Si adatom 
[11]. Such DV's which diffuse to descending step edges produce recession of those step 
edges, and those which find each other can potentially nucleate etch pits on the terraces of 
the vicinal surface [10]. Etching by reaction with step edge dimers causes recession of the 
step edge plus a Si adatom. Etching by reaction with Si ad-dimers creates a Si adatom. 
Dynamics of Si adatoms and reaction with O. The Si adatoms created during 
conversion of SV's to DV's diffuse along Si dimer rows with low barrier of E$i = 0.67 eV, 
and across such rows with a higher barrier of Esi =1.0 eV, both determined from experiment 
[28]. The prefactor for such hopping is Vsi = 1013/s. We assume that diffusing Si adatoms can 
cross SA steps without interaction, but they are adsorbed at SB steps becoming part of the 
substrate. This "anisotropic sticking" feature is supported by various theoretical [29] and 
experimental [30,31] studies. In our model, when a Si adatom reaches an SB-step, it is 
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converted into a Si dimer at the step edge with probability Vi, and removed with probability 
V2. This provides a simple way to treat aggregation, which is on average consistent with mass 
conservation. If a Si adatom meets an O adatom, instantaneous reaction is assumed to occur 
producing SiO which desorbs. The choice of instantaneous reaction is motivated by the 
SIMOMM analyses of SiO desorption barriers for unpaired Si atoms, as described above. 
It is appropriate to briefly compare the above model with previous work [6], The 
atomistic model for etching and oxidation of vicinal Si(100) developed in Ref. [6] 
incorporates a detailed description of the equilibrium structure and energetics of the vicinal 
Si(100) surface, even including anti-phase boundaries on (100) terraces. (The latter are 
ignored in our formulation, assuming that these will not play a significant role during the 
etching process.) However, the treatment in Ref. [6] of the energetics does not provide a 
precise description of the diffusion transport for various surface species, particularly di-
vacancies. Thus, instead the focus of our model development is accurate description of the 
transport kinetics which is relevant for evolution of non-equilibrium morphologies during 
etching. Also, because of the complexity of the description of the surface in Ref. [6] and due 
to limitations in computing resources, approximations were made in that work in simulating 
the model which changed the relative rates of various processes. Also system and feature 
sizes were much smaller than in experiment, which could affect some aspects of the 
morphological evolution such as finger formation and pinch-off. These latter limitations are 
avoided in our study. 
4. MODEL BENCHMARKING AND PARAMETER DETERMINATION 
First, we determine values for Si dimer lateral interaction energies which will 
reasonably reproduce mesoscale equilibrium step structure on vicinal Si(100) surface. If h(x) 
denotes the position or "height" of the step edge orthogonal to the direction, x, along the step, 
then step structure is typically quantified by the correlation function G(x) = <[h(x+x0)-
h(xo)]2> = (b2/a)|x| for short separations y [32]. Here, < > denotes a suitable average (e.g., 
over reference positions, x0, or over time, or over an ensemble of steps), and a is the surface 
lattice constant. This behavior is consistent with a random walk type picture of step 
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wandering, where correspondingly b2 is described as the step diffusivity. For larger 
separations, x, along the step, G(x) saturates due to step-step interactions. The diffusivity is 
mainly controlled by the kink creation energies, ej_=(|>j/2 and ep(j)y/2, for kinks on SB-steps 
and SA-steps, respectively. Within a terrace-step-kink (TSK) model where the energy 
associated with kinks of height n is E=|n|e, and e is the relevant kink creation energy, it 
follows that b2/a2 = Vi sinh"2((3e) which increases strongly with decreasing 8 (i.e., with 
increasing ease of kink creation) [32]. The step diffusivity is quantified in STM images taken 
at room temperature, but presumed to reflect the equilibrium step structure which is "frozen 
in" at a higher temperature of -500C [13]. The values of the kink creation energies, 8j_ = 
0.05 eV and 8y ~ 0.2 eV, are chosen so that our model roughly reproduces the "high" 
diffusivity of the SB steps, and the "low" diffusivity of the SA steps on equilibrated surface 
[13]. These values imply that §±_ ~ 0.1 eV and (j)|| = 0.4 eV, as quoted in Sec.3. 
Most of the subsequent model analysis and parameter determination described below 
comes from consideration of model behavior for a flat (singular) Si(100) surface: 
(i) Determination of and sensitivity to SiO desorption barrier. One requirement on our model 
is to recover a realistic oxide density, Nox, for temperature of 550 C. This temperature is 
chosen somewhat below that of most available experimental data at 600 C (or above) since 
we wish to enhance the oxide island density to induce the pinning effects of interest in the 
early stages of etching which are more readily accessible to simulation. Thus, to estimate Nox 
at 550 C, we use the experimental Arrhenius dependence of the oxide nucleation rate above 
600 C [7], assuming this applies to Nox, to extrapolate measured values at higher T to 550 C. 
This yields Nox ~ 3xl0"4 per surface atom for 2ML etched at 550 C. (A similar value is 
obtained using our earlier atomistic model [8], which simplifies the Si surface dynamics, and 
which was fit to higher T data for Nox.) We find that choosing E$io = 3.23 eV reasonably 
recovers this value (for reversible nucleation with r=l), and that, e.g., choosing 3.22 eV 
produces significantly lower Nox. 
As an aside, we note the diffusion length for O on the surface before desorption 
satisfies L0 = (hoTo)"2 where x0=l/dSi0 is the O lifetime on the surface. Under the above 
conditions at 550 C, one has L0 = 5.5a, far below the oxide island separation of Lox = (Nox)~1/2 
= 60a. Thus, nucleation can be regarded as in the regime of "incomplete condensation" 
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[8,33]. Recognition of this feature provides some insight into the dependence of Nox on key 
parameters such as Eo [8]. One caveat is that the above value for L0 is sensitive to the 
choices of prefactors and barriers for SiO desorption and O diffusion, for which there is 
considerable uncertainty. 
(ii) Interplay between oxide nucleation and SiO desorption rates. The choice of oxide 
nucleation used above with r=l is highly reversible, the smallest stable cluster requiring four 
O. Potentially, by making nucleation more facile (i.e., by decreasing r towards 0 which 
corresponds to irreversible oxide island formation), one could still match the experimental 
Nox by simultaneously decreasing ESio which reduces the lifetime of O on the surface. This 
would imply a non-uniqueness in parameter selection. Indeed, the behavior of Nox for Esio = 
3.23 eV and r=l up to -0.6ML etched (choosing T=530 C and P02 = 2xl0"7 Torr) can be 
recovered using ESio = 3.08 eV and r=0. However, we find that the oxygen uptake is much 
slower for the second choice, presumably because a significantly smaller lifetime, tq, and 
diffusion length, L0, for O on the surface inhibits oxide island growth. See Fig.2. Thus, the 
requirement of fitting both Nox and the oxygen uptake does narrow the range of viable model 
parameters. 
(iii) Reaction of O with Si adatoms. In Sec.3, we suggested that fast reaction occurs between 
adsorbed O and Si adatoms. How significant is this etching channel? To test this effect, we 
perform simulations with and without this reaction channel operative (where for the former 
we assume instantaneous reaction). The comparison is shown in Fig.3 for oxygen uptake at 
550 C. As expected, uptake is somewhat slower with this reaction channel switched on. But a 
minor decrease in the value of ESio can recover the same behavior as with the channel 
switched off. 
(iv) Characterization of etch pit nucleation. A traditional far-from-equilibrium picture of etch 
pit nucleation ignores the equilibrium "background" density of DV's, and assigns a "small" 
critical size i such that a new stable etch pit is created by aggregation of i+1 diffusing DV's 
(which themselves are created by etching) [8]. However, for high T, one cannot ignore the 
equilibrium density, nDveq ~ exp[-(3((()i+<|)||)], of DV's created by continual attachment-
detachment at step edges. Specifically, for high T, the total density, nDV, of DV's, which 
includes a supersaturation component due to etching, may not greatly exceed (or may only 
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slightly exceed) nDveq- If nDV is only slightly above nDVeq, then a near-equilibrium 
formulation of etch pit nucleation is required [36]. Indeed for Si MBE on Si(100), nucleation 
of adatom islands is far-from-equilibrium with i=l below 280 C [28], and near-equilibrium 
around and above 650 C [36]. High-T near-equilibrium behavior can sometimes be 
effectively mimicked by a far-from-equilibrium treatment with a small critical size [36]. Our 
previous treatment of etch pit nucleation at 770 C was of this form [8], although the current 
analysis indicates that instead a near-equilibrium description is appropriate. 
To explore this issue, we have run simulations of etching for various temperatures 
and monitored the DV density, nDv- Then, nDV was compared with the DV density in the 
absence of exposure to oxygen, nDveq- We find supersaturation in the presence of etching 
satisfing nDv/noveq = 20, 8, and 3 at 500 C, 550 C, and 600 C, respectively. (The feature of 
our model that the direct DV diffusion pathway is inoperative for the last hop producing 
aggregation of DV means these values are somewhat higher than if it was active.) Thus, etch 
pit nucleation at or below 500C might be described as far-from-equilibrium, but neither this 
picture nor a near-equilibrium picture applies at 600 C. Etch pit nucleation should become 
near-equilibrium by 770 C. 
5. RESULTS FOR ETCHING OF VICINAL Si(100) 
We now present results from our atomistic model for simulated vicinal Si(100) 
surface morphologies. In Fig.4, all images are 100 x 100 nm2 and correspond to 550 C. The 
terraces are descending from right to left. First, Fig.4a shows results for the equilibrium 
morphology in the absence of etching. Alternating rough Sb steps and smooth Sa steps are 
evident. Simulations confirm that steps become smoother at lower T, but behavior at 500C 
has changed little from 550 C and matches well experimental observations, e.g., in Ref.[13]. 
Next, in Fig.4b-4f, we show an etch sequence for P02 = 6 x 10~8 Torr corresponding to 
roughly 0.5, 1, 1.5, 2, and 2.5 layers of Si removed, respectively. Initially, the SB steps recede 
much faster than the Sa steps disrupting the approximate equilibrium balance between the 
relative populations or areas of the TA and TB terraces. This is due to the anisotropic 
incorporation of DV's at step edges favoring SB step recession, as described in Sec.4. After 
81 
etching of about 1 layer, oxide islands have already formed and begin to pin recession of step 
edges. This is most obvious for SB steps, which are not very stiff [13,32], and which readily 
bend around oxide islands for form dramatic "fingers" after further etching. In other 
simulations, one can also find examples of "break-away" Si islands resulting when these 
fingers pinch-off. There is some transient pinning of much stiffer SA steps, but these tend to 
snap off more quickly at the pinning site rather than creating extended fingers. (Compare the 
lower part of the right-most SA step in Fig.4d and Fig.4e.) As oxide islands grow larger, 
pinch-off becomes more difficult. If one monitors the ratio, R, in the population of TA to TB 
terrace areas, this, at first, increases greatly from its initial value of unity due to the more 
rapid recession of SB steps. This is evident from Fig.4b and Fig.4c. Then, the onset of step 
pinning increases again the relative population of TB terraces, reducing the ratio R towards 
unity. Thereafter, the behavior of R becomes more erratic (for a small system size), 
dependent on individual pinning events. See Fig.5. 
These various features predicted by our simulation model are in fact also apparent in 
STM studies [4,5]. The initial preferential etching, i.e., faster recession, of SB steps is quite 
clear, as is their pinning by some sort of defect site to create fingers, as well as the 
subsequent break-off of fingers. See particularly Fig.l and Fig.2 in Ref. [4], and Fig.l in 
Ref. [5] An image of mixed-mode growth can be found in Ref. [12]. Clear evidence is 
provided that the defect pinning sites are directly related to oxygen, and are thus reasonably 
identified as oxide islands [4,5]. The behavior of the ratio R with exposure also has the same 
qualitative form as in our simulations [5]. 
Next, we examine etching behavior again at 550 C but for higher oxygen pressure P02 
= 8 x 10"7 Torr which serves to enhance the formation of etch pits on terraces relative to step 
recession. Fig.6 shows a 100 x 100 nm2 region of a vicinal Si(100) surface revealing a mixed 
pit-nucleation and step-flow etching mode. This mode involves an alternation between 
nucleation of etch pits on TA terraces where the dimer rows are parallel to the steps, and pure 
step recession on TB terraces where the dimer rows are orthogonal to the steps. This behavior 
should be expected since the DV density will grow higher on the former terraces where DV's 
cannot so easily reach the step edges, and thus nucleation of etch pits is enhanced. The etch 
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pits tend to be aligned with the dimer rows, reflecting their preferred equilibrium elliptical 
structure [15]. 
For comparison, in Fig.7, we show simulation results for etching purely by pit 
nucleation on a flat (singular) Si(100) surface also at 550 C (but for lower P02= 2 x 10~8 Ton­
te enhance pit size). In general, complete shape equilibration is not expected on the time 
scale of etching [2,8,11], and shape fluctuations are significant so pits somewhat irregular 
(although still reflecting their equilibrium elliptical structure [15]). Such irregular pits have 
been seen in STM studies of etching on broad terraces [10]. We have noted in Sec.4 that 
nucleation in this regime is intermediate between far-from-equilibrium and near-equilibrium. 
We should also note that anisotropy in DV diffusion may require further modification of 
nucleation theory [37]. 
6. DISCUSSION AND SUMMARY 
Often etching or erosion processes are regarded as the inverse of growth. Thus, it is 
instructive to compare morphological evolution described above for etching of vicinal 
Si(100) with growth modes and morphologies for molecular beam epitaxy (MBE) of atomic 
Si on vicinal Si(100). One finds various growth regimes for Si MBE [14,38]: (i) island 
nucleation at low T of 300 C; (ii) a mixed growth mode at 450 C of step flow to rapidly 
advancing Sb steps on TB terraces, and island nucleation on Ta terraces (although subsequent 
nucleation occurs at antiphase boundaries on TB terraces); (iii) step flow at 500 C and high 
flux where Sb steps almost catch up to Sa steps creating near-double length TB terraces 
separated by imperfect biatomic steps. Such steps are SA-like in the sense that they cannot 
efficiently capture adatoms, so the adatom density builds up producing some island 
nucleation and a decrease in the relative population of Tb terraces; (iv) pure step flow at 500 
C for low flux and at higher T although perfect bistable steps do not form due to weak 
pinning effects (or due to entropie step repulsion which is dominant above 580 C). 
Thus, the more rapid advance of SB steps in MBE, and the corresponding 
enhancement of TB relative to TA terrace population, mimics behavior seen in etching. Step 
flow growth would be observed in etching at 550 C or above (for lower P02) if not for the 
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strong pinning effects of oxide islands. The weak pinning effects in MBE produce rather 
different "fatter finger" morphologies than in etching. Entropie step repulsion will also be 
significant for etching at high enough T. The mixed mode growth in MBE at 450C mimics 
that in etching at 550 C for higher P02- The shift of these growth modes to higher T for 
etching (relative to MBE) reflects the larger activation barrier for DV diffusion (relative to Si 
adatom diffusion). 
More recent studies of Si MBE on Si(100) argue that anisotropic diffusion induces a 
step bunching instability which produces an effective inverse ES barrier [39]. However, such 
subtle instabilities could in principle occur for etching, but do not have a chance to develop 
in our study as the surface morphology is dominated by strong pinning effects. 
Perhaps an even closer analogy with etching of Si(100) is provided by studies of step 
recession during ion sputtering of Si(100) [40] (although detailed characterization of the 
participation of various diffusing species is not available). Indeed, for ion sputtering, faster 
retraction of Sb steps and dominance of TA terraces is observed. 
In summary, our atomistic modeling of the etching and oxidation of vicinal Si(100), 
while still simplifying many aspects of the process, has been quite successful in generating 
the main features of the evolving morphology seen in STM studies. Anisotropic energetics 
guarantees distinct features of smooth Sa and rough Sb steps. The kinetic model recovers the 
fast retraction of Sb steps due to the anisotropic incorporation of DV's at step edges (favoring 
SB steps). Oxide islands pin the receding step edges. Sb steps, which are not very stiff, readily 
bend around these creating extended fingers, one of the most dramatic features of the STM 
images. For higher etching rates (and no doubt for lower T), our modeling predicts a mixed 
mode of etching with island nucleation on Ta terraces and step flow across TB terraces to SB 
steps. This feature was dependent on anisotropic DV diffusion. In contrast, island nucleation 
in the MBE modeling required formation of bi-atomic steps with low sticking as this 
modeling used isotropic diffusion [38]. 
APPENDIX A: KMC ALGORITHM 
Our kinetic Monte Carlo (KMC) simulation algorithm for the atomistic LG model of 
Sec.4 is primarily based on a Bortz-type rejection free approach [41], where for each process 
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occurring with a specific rate, one maintains a corresponding list of eligible species. Then, at 
each KMC step, one chooses randomly from entries in the lists weighted by the appropriate 
rates. Thus, we maintain lists of isolated Si adatoms, di-vacancies, and O adatoms, and of O 
adatoms with one neighboring O (each of which has a distinct diffusion rate), as well as lists 
of isolated and step edge ad-dimers for each of eight possible lateral coordinations (since the 
hop rate depends on this coordination). 
One complication is that the hop rates for Si ad-dimers also depend on the direction 
of the hop, and whether it is intra- or inter-layer. Rather than maintaining separate sub-lists 
for these different possibilities (which would require significantly more book-keeping), we 
implement these processes with the correct physical rates by accepting some degree of 
rejection as follows. For each of the above eight classes of ad-dimers, a (maximal) hop rate is 
initially assigned given by v exp[-(3(Ed y +m<])_L+n||(j)||)]. Then the actual move will be executed 
with probability of 1, exp[-|3(Edi - E^)], or exp[- Vi (3(EdJ: - Ed||)], when hops are (i) intra-
layer and along the direction of dimer row, (ii) intra-layer and orthogonal to the dimer row, 
and (iii) inter-layer, respectively. Here, Ed|pl.O eV, and Edi =1.3 eV. In a sense, the penalty 
for the initial choice diffusion barrier which may be too low is the possibility that the 
eventual move would be rejected. 
APPENDIX B: OTHER MODEL REFINEMENTS 
The model described in Sec.4 does not incorporate a pathway for reaction of O with 
isolated diffusing Si ad-dimers. possibly with reduced barrier, ESio*. This pathway could be 
significant as such ad-dimers are continually generated by detachment from step edges. (In 
the model of Sec.4, reaction of O only occurs with underlying Si.) Such an enhanced 
pathway introduces an additional parameter into the model. Thus, rather than perform a 
comprehensive analysis of this extended model, we just consider the case where the overall 
reaction rate for this pathway is comparable to that of the standard pathway, and where the 
total etch rate is comparable to that in the model of Sec.4. We then ask if there is any 
discernable difference in the etch morphologies. 
To select parameters in the extended model to achieve the desired behavior, we note 
that the density of diffusing Si ad-dimers has the form exp[-(3((|)_L+(])||)], so the overall etch rate 
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from reaction with these has the form exp[-(3(ESio*+ <])±+(|)||)], which should be compared with 
exp[-(3ESio] from the standard pathway. Thus, we choose ESi0*=Esio - <t>±- §\\- Since we have 
two comparable pathways, we also increase barriers for both pathways by a small amount to 
reduce the rate for each by a factor of two. Then, simulation of the extended model reveals 
oxide cluster density and oxygen uptake behavior essentially identical to the standard model 
of Sec.4 (as desired). Furthermore, examination of the etch morphologies reveals no 
significant difference from those of the standard model. 
Next, we comment on the treatment of nucleation of oxide islands, including possible 
enhanced nucleation at step edges. Our treatment of nucleation is somewhat simplistic, and 
certainly more input on atomistic energetics for this process would help to refine the 
modeling. Nonetheless, it reasonably describes observed oxide island density and oxygen 
uptake. However, the modeling presented here has no included enhanced nucleation of oxide 
islands at step edges, a feature quantified in one experimental study [42], and utilized in the 
interpretation of another [12]. Finally, we note that our modeling like that of Ref. [6] does not 
produce the degree of saturation of the oxide island density observed in experiment. One 
possibility to closer match the latter would be to reduce the oxygen diffusion barrier so as to 
increase Lo to a value comparable to the observed oxide island separation as this would 
inhibit oxide island nucleation. 
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Fig.l. Schematic of key atomistic processes in the etching and oxidation of vicinal Si(100). 
The lines in the various substrate terraces indicate alternating direction of the dimer rows. 
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Fig.2. Oxide cluster density, N nx and oxygen uptake (inset) for two different parameter 
choices (ESi0 =3.23 eV, r=1.0 eV) and (E Sj0 =3.08 eV, r=0.1 eV) selected to give comparable 
N0x behavior. 
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Fig.3. Oxygen uptake curves showing the effect of allowing reaction between O and Si 
adatoms. Figure shows cases when Si+O reaction is (i) "on" with Edes =3.22 eV ( long dash), 
(ii) "off" with E Si0 =3.22 eV (short dash), and (iii) "off' with E Si0 =3.25 eV ( solid line). 
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Fig.4. (a) Equilibrium structure at 550 C of vicinal Si(100) ascending left to right; (b-f) 
Morphologies after etching of Vi , 1, IV:z , 2, 2Vi layers of Si. Oxide islands are white. Size: 
100 xlOO nm2. 
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Fig.5. Ratio, R, of the areas of T A and T B terraces versus number of layers etched at 550 C. 
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Fig.6. Alternating etch pit formation and step flow at 550C and P=8xl0"7 Torr. 
Size: 100 x lOOnm2. 
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CHAPTER 5. EFFECT OF ENHANCED OXIDE NUCLEATION AT 
STEP EDGES ON ETCH PIT MORPHOLOGIES 
I. INTRODUCTION 
In this chapter we will describe efforts to extend the modeling of etching of vicinal 
Si(100) surfaces by examining the role of enhanced nucleation at the step edge consistent 
with the findings of Brichzin, and co-workers [1], It is hoped that a model incorporating 
nucleation enhancement especially at the SB steps would enable us to better understand the 
evolution of the step morphology of an etched vicinal Si(100) surface. Additionally, we are 
motivated to provide alternative explanations for the features found in the STM images taken 
from experiments performed by Skrobiszewski [2,3] in the Baski group. Skrobiszewski 
observed that at temperatures lower than 650 C exposure of vicinal Si(100) surface to 
molecular oxygen results in a disordered oxide layer. At higher temperatures (>725 C) 
etching dominates producing step recession. On the other hand, they also noted the existence 
of an intermediate temperature regime (at around 675 - 700 C) which is characterized by 
more complex morphologies resulting from etching of both terraces and steps. The formation 
of long "fingers" which are prominent at 50 L exposure was believed to be due to oxygen 
adatom diffusion to the step edge and preferential etching of reactive kink sites at the steps. It 
should be noted that the same fingers were also observed in previous related experiments on 
oxidation of Si(100) [4-6]. Finally, the group noted the appearance of monolayer-deep etch 
pits on the terraces especially at low temperatures, which they attributed to etching by 
oxygen atoms unable to reach the step edges due to slower diffusion rate. 
In this work, we propose that a model with an enhanced nucleation at the step edges, 
specifically of the SB-type, coupled with anisotropic diffusion of di-vacancies may also 
explain many of the observed features seen in these experiments. It should be pointed out 
that, Wurm, and coworkers have already confirmed that it is the di-vacancy, rather than the 
oxygen atom, which is the diffusing species [7]. A simple calculation to estimate the lifetime 
of a diffusing oxygen atom should confirm that oxygen atoms rarely last long enough to 
reach the step edge. It is therefore conceivable that step etching has a more straightforward 
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explanation than that by Skrobiszewski [2,3]. In this scenario, a di-vacancy (DV) on a B-type 
terrace reaches the step edge and causes the dimer row to retract by one unit. Likewise, 
because of the highly anisotropic nature of DV-diffusion, a DV on an A-type terrace diffuses 
parallel to the step edge and is likely to find another di-vacancy to nucleate an etch pit. The 
subject of the alternation between nucleation of pits on A-type terraces and step etching on 
B-type terraces was tackled in our previous work [8], Understanding etching at intermediate 
temperatures presents a bigger challenge. In this regime, oxide clusters prevent the full 
retraction of SB steps (and therefore the predominance of single A-domain) by protecting the 
silicon underneath from further etching [4,5]. The current study differs from the previous 
work in that the role of enhanced nucleation at SB steps will be highlighted and its overall 
effect on the competition between nucleation of oxide clusters and oxidation-induced step 
etching will be examined. 
This study has two components. The first takes advantage of the old modeling 
developed in Chapter 4 where there is no enhanced nucleation of step edges, but uses a 
strategy that mimics enhanced nucleation at the steps by putting oxide clusters "by hand" at 
pre-selected sites near the steps. The same strategy can be used to investigate the emergence 
of fingers, providing a detailed description from the very early stages of creation up to the 
point of break-away. The second component is the building of new model based on the first 
which naturally incorporates features that enhances nucleation at the step edges at the 
expense of introducing additional free parameters. However, for the purpose of speeding up 
data collection and simulating a much larger system, and thus improving statistics, a 
"reduced" version of the "nucleation-enhanced" model will be constructed first. (It is 
"reduced" in the sense that all the atomistic processes which involve the underlying Si 
substrate are suppressed, that is, the Si substrate is rendered effectively inert). The goal is to 
test very quickly how various nucleation-enhancing modifications affect the oxide-cluster 
density and to make a quick assessment of their effectiveness. This will the last step before 
building the full, enhanced model. 
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II. CONSEQUENCES OF AN ENHANCED NUCLEATION FOR 
ETCHING OF Si(lOO) VICINAL SURFACE: SELECTED STUDIES 
In the transition regime there is a fair degree of competition between nucleation of 
oxide clusters on the one hand and terrace or step etching on the other hand. It is not difficult 
to see what an enhanced nucleation does for an SB step. It is quite conceivable that the tips of 
the fingers that subsequently formed are aligned as these coincide roughly with the location 
of clusters that initially caused pinning of the step. This also suggests that the oxide clusters 
(and therefore the fingers that developed) formed almost at the same time. These beg the 
question: what happens if we put clusters at pre-selected sites near SB steps and allow the 
surface to etch? For one, doing so would make it easier for us to observe the initial stages of 
finger creation, which under normal circumstances is not possible since there is no way to 
predict when and where a cluster might nucleate. Furthermore, it would be natural to ask 
what kind of shape would the section of the step pinned between the clusters assume? If the 
rate of recession is sufficiently slow or the separation between the pinning sites is small it is 
likely that the system remains in a state of equilibrium or near equilibrium even as the step 
slowly recedes. In that case, the evolution of the step is only subject to minimization of its 
free energy. Clues to the answers to these questions can be found by examining the STM 
images given in Ref 2, where portions of the SB steps resemble semi-ellipses which 
correspond to equilibrium shape. See Appendix 5.1. Of course, this shape does not persist as 
etching will gradually erode the step structure. Furthermore, further etching may free the 
step from pinning and it may pinch-off eventually. When that happens we should be able to 
see break-away islands. A simple test exploring the gradual retraction of the step edge can be 
easily designed to address these questions. Because the clusters involved in the test is 
created "by hand", i.e, nucleation is enforced, it suffices to use a simple model without 
enhanced nucleation at step edges. 
Simulation of etching on a 102 x 102 nm2 Si(100) surface at T=630 C and P0? =3.3 
x 10 7 Torr proves to be very useful in characterizing the early stages of step retraction and 
showing how pinning influences the emergence of fingers. (Refer to Fig. 1). First, pinning 
sites were placed at certain predetermined locations along the step whose retraction we want 
to examine. These sites (which in reality are created by putting oxide clusters by hand) must 
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be sufficiently close to the step edge so that the impact of a retracting step would be fully 
captured. Also, notice that they are created in pairs and in close proximity of each other. The 
goal is set the conditions such that during retraction of the section of the step between the 
pinning sites, the step edge shape is roughly equilibrated. A cursory examination of Fig.lc 
confirms that indeed the small section caught between the twin clusters (pinning sites) has 
formed a semi-elliptical pattern. Furthermore, the same set of simulation pictures reveal that 
as etching progresses this section pinches off, and the breakaway island formed as a result of 
pinning quickly dissolves. 
III. COMPREHENSIVE MODELING OF ENHANCED NUCLEATION AT 
SB STEPS 
We begin by summarizing the observations made by Brichzin and Pelz [1] and co­
workers regarding the effects of the surface step density on oxide nucleation and sticking of 
oxygen on Si(OOl) surfaces. What they have found was that both the reactive sticking 
coefficient (determined from the measurement of vertical etch rates) and oxide cluster was 
enhanced on regions with higher step densities. Careful examination reveals that the latter 
may not only be due to an enhanced oxygen sticking coefficient but may also be a 
consequence of a (yet unknown) step-related enhanced nucleation mechanism. They 
suggested that this additional and potentially more significant mechanism is the lowering of 
nucleation barrier at the step edges. They also raised the possibility that enhancement of 
nucleation also depends on the type of steps (SA, SB, double or single height). Finally, they 
observed that nucleation at individual steps is weak since the oxygen diffusion length is 
typically much longer than the average terrace width. It is also worth mentioning that a more 
recent electronic-structure study investigated adsorption of oxygen on Si(100) steps [9] and 
arrived at the following conclusions: First, there is preferential adsorption on a step edge 
which is both electrostatic and elastic in origin. And second, that SB is a better sink than SA, 
a possibility also suggested by Brichzin , et al [1], 
The above observations provided the necessary ingredients for modifying the current 
model. Whereas a reduction of the activation barrier near a step or a preferential adsorption 
of oxygen on step edges are very plausible mechanisms for nucleation enhancement, attempts 
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to incorporate these features have only produced mixed results. For example, in the case of 
the latter, our simulation reveals that a propensity towards nucleation does not increase in 
proportion to the miscut angle. While we do not discount the possibility of the latter as a 
nucleation-enhancing mechanism, we examined other possibilities. 
One possibility that we found effective was the adjustment of the effective critical 
size in such a manner that takes into account the local environment of the oxide cluster. 
Consistent with the general observation that SB steps act like sinks due to the presence of 
dangling bonds (in contrast with SA steps which are basically inert), an O atom with at least 
one nearest neighbor and located at a SB step is assigned a lower hop rate relative to a similar 
O atom found on the terrace or SA step. This effectively adjusts the critical size according to 
the O atom's local environment. This new feature necessitates the introduction of two new 
adjustable parameters to account for the difference in the hop rates of the O atoms. All other 
adjustable parameters whose values were discussed in Chapter 4 and in Ref. 8 remain 
unchanged. It was found that the combination, r terrace = 8 x 10 "2 and r step = 3 x 10 ~3 does a 
good job in recovering experimental data. 
It should be stressed that up until this point we are using the "reduced" model. (The 
justification for building a reduced version was discussed earlier). To reiterate, the reduced 
model doesn't allow for detachment and reattachment at the steps as well as etch the surface 
and therefore cannot predict the correct morphology of the vicinal surface at any given time, 
and is created solely for the purpose of parameter fitting. In order to keep track of time, 
every desorption attempt (which has been suppressed) is recorded and used to approximate 
the oxygen exposure. Needless to say, none of the limitations placed on the model restricts its 
ability to predict correctly the oxygen cluster density as a function of exposure (or 
alternatively the number of layers etched) as well as quantify the effect of enhanced 
nucleation on steps. 
We will now show that indeed it is possible to mimic the step-induced nucleation 
enhancement with minor tweaking of the model. Fig. 2 shows the plot of cluster density vs. 
exposure for two miscut angles, 0.2 and 2.6, where experimental data were also provided for 
comparison. We will assume that 25 L of exposure etches approximately one ML of silicon 
[6], In terms of terrace width, 1, as a function of the miscut angle, 0, there is a simple 
100 
formula which relates the two quantities , 1= hjtan 6, where h = 0.136 nm is the height of a 
monolayer. 
Our simulation reveals that a model incorporating a feature with an environment-
dependent critical size shows an increase in oxide cluster density with increasing miscut 
angle. This message is clearly evident in Fig.2 where the oxide cluster density after 200 L of 
02 exposure was plotted for two values of the miscut angle. Admittedly, the fit with 
experimental data was not very good by the time the exposure reaches 400 L. However, since 
our focus is on "fingering" at low doses, experimental agreement up until 200 L should be 
good enough. 
IV. RESULTS 
Simulation of etching of a 160 x 160 nm2 vicinal Si(100) surface at T=650 C and 
P02=3.3 x 10 "7 Torr, reveals rough agreement with the STM images taken from the 
experiments described in Ref.2. Fingers developing at the step edges were separately counted 
and estimated to be around 3.7 x 109cm"2, which is consistent with the experimental value 
of 6.8 x 109 cm"2. (If we assume fingers that formed at, or near SB steps were created solely 
due to pinning by oxide clusters, and not by other mechanisms, then it is possible to make a 
separate counting of the density of the clusters responsible for these fingers). In the 
simulation images the gradual process of finger formation and the role oxide clusters play is 
evident. In Fig. 3a -3b, we see the beginnings of a small cluster (inside a black circle) that 
formed near a SB step edge. As the rest of the step retracts, the small region pinned by the 
cluster becomes more and more prominent. In Fig.3c-3d, we see that a finger has already 
formed at the location of the original small cluster. Qualitatively we note that the clusters 
seen in the simulation images are at the beginning stages of shaping the pinned portion of the 
SB terrace into a finger. Finally, we note that although certain sections of the steps may 
protrude and may therefore be indistinguishable from the "real" pinned fingers, the latter tend 
to be short-lived in the absence of a mechanism to stabilize them. In summary, these 
preliminary results are in support of the view that enhanced nucleation especially at the SB 
steps leads to finger formation, and ultimately controls the final configuration of the step. 
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Fig.l. Twin oxide clusters are forced to nucleate near step edges. Simulation image is 100 x 
100 nm2, @ 630 C at P = 3.3 x 10"7 Torr. 
103 
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Fig.2. Oxide cluster density as a function of O 2 dose (Langmuir) for two miscut angles ( in 
degrees). Filled square and circle are data points extracted from experiment in Ref.l for 
miscut angles 0.2 and 2.6 degrees, respectively. Cross (x) and plus (+) symbols represent 
simulation data points for miscut angles 0.2 and 2.6 degrees, respectively. 
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Fig. 3. Simulated 160 x 160 nm2 Si(100) vicinal surface shows gradual emergence of a 
finger out of a tiny cluster @ 650 C and P=3.3 xlO ~7 Torr. 
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CHAPTER VI. GENERAL CONCLUSIONS 
For this dissertation the central focus is on the use of atomistic lattice-gas modeling 
and kinetic Monte Carlo simulation to analyze deposition and reaction processes on Si(100) 
surfaces. In the Ga/Si(100) deposition study, the modeling was successful not only in 
determining the Ga diffusion barriers for the two orthogonal directions defined by the 
orientation of the Si dimer rows), but also in tracing the origin of the unexpected 
monotonically decreasing island size distribution. Moreover, we have proven the robustness 
of our analysis by showing that the unusual shape of the size distribution was, to a certain 
degree, invariant with respect to the deposition flux. The same level of success was achieved 
in tackling a more complex Si(100) + oxygen system involving key reaction steps and 
dynamical processes on the surface. 
In our initial "lower level" modeling of the Si(100) + O system, we found that certain 
simplifying assumptions, like layer-by-layer etching, which considerably reduced computer 
simulation time, was a reasonable approximation of physical reality and recovered certain 
aspects of the experimental data (e.g. the density of oxide clusters). However, we also found 
that a far-from-equilibrium treatment of vacancy pits, which prescribes a small critical size 
for nucleation, may have to be reconsidered. Fortunately, the next level of modeling in the 
treatment of the oxidation and etching of Si(100) surface was sophisticated enough to address 
issues such as near-equilibrium vs. far-from-equilibrium treatment of vacancies. However, 
the real success of this more refined modeling of oxidation on vicinal Si(100) surface was an 
accurate qualitative as well as quantitative description of step recession during the early stage 
of etching, pinning by oxide clusters of receding steps, pinch-off, and emergence of break­
away islands. 
The systems that we have modeled are complex, and detailed information about the 
underlying atomistic mechanisms and energetics was often limited. In this respect, input to 
modeling from electronic structure calculations, as well as from previous experiments, was 
very valuable. As much as possible, we tried to directly compare model prediction with 
experimental data, primarily STM images. Often, we made adjustments to the model in order 
to close the gap between model predictions and experimental observations, treating a few 
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parameters as free variables. In the process, we obtained estimates of some key activation 
barriers, as well as elucidated the important mechanistic aspects of the surface process. 
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APPENDIX 1. GA ADATOM DENSITY VERSUS COVERAGE FOR 
SELECTED MODELS DURING DEPOSITION OF GA ON Si(100). 
For model of Ga deposition on Si(100) in Chapter 2, the density of isolated atoms, 
Np is monitored for coverages between 0.01 and 0.1 ML during deposition in models 
ranging from the physical model (PM) to the more conventional point-island model (PI). 
The goal is to see how each specific feature incorporated into the models (i.e, enhanced 
aggregation, enhanced nucleation) affects the adatom density. We expect PM to have a high 
adatom density, due to restricted aggregation built into this model. Looking at the plot we 
can see than N\ at 0.1 ML is indeed higher in PM than all other models (except EN). 
Moreover, one might think that a model with an enhanced nucleation (EN) will show a 
decrease in the adatom density since isolated adatoms will nucleate with other diffusing 
adatoms. Clearly, this is true only to a certain extent as it is obvious from the plot that the 
deviation of the EN curve from the PM curve is minimal. Next, in the enhanced aggregation 
(EA) model, we removed some of the restrictions on the number of accessible aggregation 
sites, and allow adatoms to aggregate at the next-nearest neighbor sites of each end of the 
metal row. This resulted in a dramatic decrease in the adatom density, with N l obtained from 
this model very close in value to that obtained using the more conventional PI model. Notice 
too, than an enhanced transport (ET) feature, where adatoms are allowed to diffuse along 
forbidden sites adjacent to metal rows, boosts the adatom density even more ( relative to 
PM). This is not surprising, since expected effect of this feature is to allow some of the 
adatoms to be redirected away from the aggregation sites (end of metal rows). 
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Fig.l. Adatom density versus coverage for various models; ET = enhanced transport (open 
square); EN = enhanced nucleation (open diamond); PM = physical model (solid line); 
EA = enhanced aggregation (dashed line); PI = point-island model (dotted line). 
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APPENDIX 2. DEPENDENCE OF ISLAND NUCLEATION RATE ON 
ADATOM DENSITY. 
One might think that during the deposition of Ga on Si(100) in Chapter 2, the rare 
inter-row hops into rows occupied by fast moving adatoms is the rate-limiting step for 
nucleation. This implies that a single-atom process is the rate determining step in nucleation, 
which replicates so called i=0 kinetics [1], If so, then the dependence of the island nucleation 
rate on adatom density should be linear. However, this is clearly not the case, as simulation 
reveals that the relationship is quadratic instead of linear. 
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Fig.2. Simulation result for the dependence of island nucleation rate on adatom density on 
Ga/Si(100) system. 
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APPENDIX 3. FLUX-DEPENDENCE OF ISLAND SIZE 
DISTRIBUTION AS A FUNCTION OF THE SCALED ISLAND SIZE 
For the model of Ga deposition on Si(100) in Chapter 2, ideally, we would want to 
know if the monotonically decreasing size distribution observed during deposition flux, F = 
10 -3 ML/s, is true for even lower flux, say F=10 ~4 ML/s. We would like to assses the 
robustness of this observed feature for the lower deposition flux range and establish some 
kind of scaling invariance. In standard models of nucleation, it is established that for a given 
critical size, say i=l, the shape of the size distribution tends to be increasingly peaked as h/F 
increases. This corresponds to a non-asymptotic behavior. Still, this shape is fundamentally 
different from the monotonically increasing form observed in the Ga/Si(100) system. 
S/<S> 
Fig.3. Simulation results for the scaled size distribution, f = Ns<s>2/0, versus s /  <  s  >  for 
different values of the deposition flux, F, ( F = 10 ~4 ML/s, solid line , and F=10~3 ML/s, 
dotted line), with diffusion parameters the same as in the physical 
model [Ef  =0AeV,Es = 0.81eV). 
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APPENDIX 4. MORPHOLOGY OF THE Si(100) SURFACE AFTER 
ETCHING OF -16 LAYERS AT 870K, AS PREDICTED FROM THE 
MODEL WITH ATOMIC ADSORPTION. 
Although it is more natural to consider molecular adsorption (rather than atomic 
adsorption) in studies of oxidation on Si(100) due to the preponderance of molecular oxygen 
experiments on this surface relative to atomic oxygen , it is still appropriate to consider the 
latter. Simulation using model of Chapter 3 shows that the morphologies of the Si(100) 
surfaces etched via molecular and atomic adsorption under similar conditions are 
qualitatively similar. In fact, both versions were used in our studies, and save for some 
differences in parameters used for each, both models were found to be viable in describing 
experimental observations. 
O O 
Fig.4. 3D view of a 3000A X3000A region of the surface highlighting the cone-like oxide-
capped Si nanoprotrusions . Parameters are as in Fig. 2 of Chapter 3. 
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APPENDIX 5. CLUSTER AND PROTRUSION-COUNTING 
ALGORITHMS 
Typically, results reported for the oxide island or nanoprotrusion density, Nox, are 
obtained from a conventional percolation-theoretic definition of clusters [1] as collections of 
(at least three) O atoms with lateral nearest-neighbor connectivity, where we ignore any 
differences in height. We use a standard Hoshen-Kopelman algorithm [2] to perform this 
counting based on the lateral coordinates of the O atoms. According to this definition, as 
individual growing oxide clusters coalesce, they are counted as a single cluster, so Nox tends 
to plateau and then decrease from prolonged oxidation. 
One specific consequence of the above procedure is that individual oxide-capped 
nanoprotrusions are counted as a single cluster when the oxide regions at their bases 
coalesce, even though there remain well-defined protrusion peaks. Thus, this counting 
procedure does not correspond to the natural choice where one would count separate peaks as 
separate clusters. Consequently, we have refined the above algorithm to identify and count 
separately protrusion peaks. We introduce the concept of "peak" atoms, which are those 
clusters of atoms contained in a cluster which are surrounded by atoms in a lower layer. Each 
cluster of peak atoms is especially labeled, and identified as a "protrusion". We also define 
"islands" as clusters of O atoms entirely in the lowest layer currently being etched. Then, 
after completion of etching in each layer, we check for new oxide islands with all O atoms in 
the lowest layer, and relabel any remaining islands from the next higher layer as peak atoms 
of a new protrusion. Then, we interpret Nox as the sum of the density of islands in the lowest 
layer plus the density of peak atom clusters (i.e., protrusions). Thus, for the initial stages of 
oxidation with low coverages of adsorbed O where individual oxide clusters have not 
coalesced, this procedure should give the same result as the simple cluster counting algorithm 
above. However, for later stages, it should give a higher density as is clear in the figure 
below. 
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Fig.5. Oxide cluster density, Nox, versus the number of layers etched at 870K (-600C) and 
F=0.0016ML/s. Results are shown for the model with atomic adsorption (circles) with 
Edes=3.4eV, Eo=2.4eV, and r=0.5, and for molecular adsorption (squares) with EdeS=3.2cV, 
Eo~2.3eV, and r=0.9. The large crosses (+) indicate experimental data from Ref. [13] of 
Chapter 3. Counting of clusters uses the algorithm described above. 
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ABSTRACT 
Exposure of a vicinal Si(100) surface to oxygen at around 550 C produces etching-
mediated step recession. In addition, some oxide islands are formed which locally pin 
receding steps. We develop an atomistic lattice-gas model for this process which accounts for 
the interplay between oxygen surface chemistry (adsorption, diffusion, oxide formation, and 
etching via SiO desorption) and the silicon surface and step dynamics (anisotropic diffusion 
and aggregation of di-vacancies formed by etching, and ad-dimer attachment-detachment 
dynamics at steps incorporating anisotropic energetics). Kinetic Monte Carlo simulation of 
this model produces step morphologies retaining some qualitative but not quantitative 
features of their equilibrium structure (alternating rough SB steps and smooth Sa steps), 
except for pinning which produces protruding "fingers". These features are seen in Scanning 
Tunneling Microscopy studies. 
INTRODUCTION 
Oxygen can react with silicon surfaces to produce either etching, described by the 
mechanism Si(solid) + Vi 02(gas) —> SiO(gas) + surface vacancy, or alternatively surface 
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oxide formation, described by Si(solid) + Oz(gas) —> SiOz(solid) [1], Significantly, the 
formation of oxide islands on the surface protects or passivates the underlying Si from 
etching. At high surface temperatures (T), the lifetime of surface oxygen is small since SiO 
desorption is rapid, and etching or "active oxidation" dominates [2], At low T, SiO 
desorption is effectively inoperative resulting in immediate oxide formation or "passive 
oxidation" [3]. For moderate T around 500 -700 C, and for typical oxygen pressures, there is 
a competition between both etching and oxide formation which can lead to complex surface 
morphologies [4-8]. 
Typical silicon surfaces are not perfectly flat, but crossed by arrays of steps [4,9]. 
Etching produces surface vacancies (primarily di-vacancies), anisotropic diffusion of which 
mediates nucleation and growth of vacancy pits on broad terraces, and which also produces 
step recession when these vacancies reach step edges [10]. Simultaneous formation of oxide 
islands produces pinning centers which interfere with this step recession process [4,5]. Many 
of these features are revealed in Scanning Tunneling Microscopy (STM) studies [4-7]. 
Thus, we are motivated to develop an atomistic model which can describe 
simultaneous etching and oxidation of vicinal Si(100) surfaces. Our goal is to elucidate the 
interaction between the surface chemistry of etching and oxidation, and the Si(100) surface 
step dynamics. The output of the model will be a detailed characterization of the complex 
morphology of the etched vicinal surface, which can be compared against experimental STM 
observations. First, we provide more details on the key surface processes in the next 
subsection, and then we describe the ingredients of our atomistic lattice-gas model in the 
following subsection. Finally, we present the basic results from our simulation studies for the 
etched surface morphology. 
FURTHER DETAILS OF THE VICINAL Si(100) + OXYGEN SYSTEM 
A comprehensive and detailed description of the vicinal Si(100) + oxygen system, 
which can guide the development of our atomistic lattice-gas (LG) model, involves 
specification of two main components. Both of these are indicated schematically in Fig. 1. 
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(i) Equilibrium structure and dynamics of the Si(lOO) surface. The clean Si(100) 
surface reconstructs to form rows of dimers aligned side-to-side [9], The direction of the 
dimer rows (indicated by the thin lines in Fig.l) alternates in consecutive terraces separated 
by monatomic steps [9], This feature, and the tendency for etching to create di-vacancies (as 
described below), means that the dimer is the natural building block for the description of 
surface structure and in our lattice-gas (LG) model. Here, we implement a "simple" LG 
model with just nearest-neighbor interactions between dimers: a weak attraction, 4»j_, between 
dimers in adjacent rows (i.e., in the direction orthogonal to the dimer rows), and a strong 
attraction, <j)||, between dimers in the same row (i.e., in the direction parallel to the dimer 
rows). This energetic anisotropy implies a low (high) kink creation energy, e_i_=(|)i/2 (E||=(|)||/2) 
for kinks on so-called Ss-steps (SA-steps) which run orthogonal (parallel) to the dimer rows 
on the associated upper terrace. This leads to the well-known feature of alternating rough SB-
steps and smooth SA-steps on a vicinal Si(100) surface [9]. Finally, we note that the mass-
transport mechanism facilitating equilibration at step edges is assumed to involve detachment 
and reattachment [9], 
(ii) Interaction of oxygen with the Si(lOO) surface. Molecular oxygen absorbs 
dissociatively on the Si(100) surface, the constituent O adatoms separating via thermal 
surface diffusion rather than nucleating an oxide island [1,8]. In the standard parlance of 
nucleation theory, this implies that nucleation of oxide islands, which is mediated by 
diffusion of O adatoms, is reversible (i.e., has critical size exceeding unity) at typical surface 
temperatures [8]. When a single O adatom reacts with (i.e., etches) the surface by desorbing 
as a volatile SiO species [1], a single vacancy (SV) remains. This SV is believed to quickly 
convert to a di-vacancy (DV) by ejecting the remaining single unpaired Si atom up onto the 
Si(100) surface [11]. 
We have obtained some detailed insights into the oxygen adsorption and etching 
energetics from ab-initio Surface Integrated Molecular Orbital - Molecular Mechanics 
(SIMOMM) analyses [12]. In the approach, a cluster of Si substrate atoms surrounding the 
adsorption or etching site is treated with high-level MO methods, and this cluster is 
embedded in a larger region treated at a much lower MM level. These studies support the 
belief that there are multiple configurations of strongly adsorbed surface O which can rapidly 
117 
inter-convert (and are thus treated collectively as a single adsorbed state in our modeling) 
[12]. These studies find no evidence for a distinct weakly-adsorbed species often postulated 
to mediate etching, a feature often incorporated into previous modeling [1] (but not here). 
The desorption barrier for SiO is the key parameter controlling the transition from active to 
passive oxidation upon lowering T. Estimates in the literature range from ~2 eV [2] to ~4 eV 
[1], with SIMOMM predicting closer to 4 eV for a perfect surface [12]. We should also 
emphasize that SIMOMM also indicates substantially lower barriers for Si which are not 
paired in a surface dimer [12]. Other DFT studies suggest a barrier for surface diffusion for O 
adatoms in the range 2.0-2.5 eV [13]. 
ATOMISTIC LG MODEL FOR THE VICINAL Si(100) + OXYGEN 
SYSTEM 
The description of Si(lOO) surface dynamics in our atomistic LG model is designed to 
incorporate the features described above. The stepped Si(100) surface is described by a 
regular lattice, the sites of which represent Si-dimers (rather than single atoms). We assume 
anisotropic nearest-neighbor interactions between these dimer units, as described above. The 
actual values of these interactions are chosen so that our model roughly reproduces the 
"high" roughness (or more precisely, the "high" diffusivity) of the Sb step edge, and the 
"low" diffusivity of the Sa step edge [9]. The step diffusivity is quantified in STM images 
taken at room temperature, but presumed to reflect the equilibrium step structure which is 
"frozen in" at a higher temperature of -500C [9]. This comparison leads to the choice ~ 
0.1 eV and (])|| = 0.4 eV. 
Our model incorporates detachment, terrace diffusion, and re-attachment of dimers at 
step edges with hop rates assumed to have Arrhenius form hsi2 = vSi2 exp(-^E^)- Here, the 
attempt frequency is Vsi2=1012/s, and (3= l/(kBT) is the inverse temperature. In our simple 
treatment, we do not attempt to incorporate a propensity for detachment (and reattachment) 
as pairs of Si dimers, which would likely better describe the physical dynamics. Terrace 
diffusion of a Si ad-dimer is described by a barrier of ESi2=Ed, where Ed =1.0 eV along the 
dimer rows, and Ed = 1.3 eV orthogonal to these rows [14,15], Barriers for intra-layer 
detachment at step edges are given by ESi2 = Ed+ni<}) i +n|j([)||. Here, nj_ denotes the number of 
118 
in-layer neighbors in adjacent dimers rows, and ny the number in the same row, prior to 
detachment, and Ed is chosen according to the direction of hopping. Our modeling also 
incorporates inter-layer detachment at step edges (i.e., hopping onto the upper terrace) with 
the same form for the barrier except that we set Ed=1.15 eV, the average of the above values. 
This choice corresponds to a vanishing additional Ehrlich-Schwoebel (ES) barrier for 
interlayer transport. The lack of an ES barrier is commonly believed for this system. 
Attachment rates and barriers are determined by detailed-balance. 
This generic "bond-counting" prescription of Si surface dynamics does allow di-
vacancy (DV) formation and diffusion via hopping of adjacent Si dimers into the DV 
location. However, the diffusion rate for this indirect DV hopping process, as determined by 
the above diffusion barriers and interactions for Si dimers, is lower than the observed rate for 
strongly anisotropic DV diffusion along dimer rows [16]. We thus refine the generic 
prescription of dynamics by incorporating an additional "direct" diffusion pathway for 
isolated DV's along dimer rows with rate hDV = vDV exp(-(3EDV). We use the observed barrier 
of EDv = 1.7 eV and prefactor of vDv = 1016/s. To satisfy detailed-balance, this direct 
pathway is not operative for hops which destroy isolated vacancies such as incorporation at 
step edges or aggregation with other DV's. 
We also do not allow surface dimers which are embedded in a terrace with 
coordination number of four to hop up onto the terrace. We assume that this process is rare 
and as a result not significant. Thus, we cannot allow the reverse process of filling of DV's 
by diffusing dimers, as this would violate detailed-balance and corrupt the equilibrium 
structure of the model. This implies that DV's which diffuse to ascending steps cannot erode 
them (as the required "hopping up of a DV" corresponds to hopping down of a dimer to fill 
the DV). Thus, step erosion occurs only by intralayer diffusion of DV's to descending steps. 
This constraint is perhaps not unreasonable since anisotropy in DV diffusion means that 
typically the ascending steps reached by diffusion will be SA type where incorporation is 
plausibly more difficult than for SB type. 
Next, we describe the oxygen dynamics in our atomistic LG model. Molecular 
oxygen adsorbs dissociatively at a rate of 0.0016/s per site on adjacent empty sites of the Si 
substrate, i.e., sites not covered by adsorbed O or oxide. This rate corresponds roughly to an 
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oxygen pressure of Pq2=6 x 10"8 Torr. Thereafter, isolated O adatoms are assumed diffuse 
isotropically to adjacent sites with hop rate hD= Vq exp(-(3Edo), where Edo=2.4 eV and 
vo=1016/s [13]. An O adatom with one neighboring O can still hop, but with rate generally 
reduced from ho by a factor r (actually set to unity here). However, O adatoms with two or 
more neighboring O's are regarded as immobilized into oxide islands. This, of course, is a 
rather crude treatment of reversible formation of oxide islands, but it will suffice to roughly 
recover observed oxide island densities and oxygen uptake kinetics [8]. In this treatment, we 
assume that O adatom hopping and oxide nucleation is insensitive to Si surface structure, i.e., 
O can hop across steps at the same rate as for terrace diffusion, and O on adjacent terraces 
(with different heights) can form oxide islands [8], 
It is also possible for O adatoms to etch the underlying Si at rate dSio = vSio exp(-
|3Esio), where we set v&o = 4 x 1019/s [1], and choose ESio = 3.23 eV. The oxide island 
density is quite sensitive to the value of ESio which is chosen to roughly recover experimental 
observations. Each etching event creates a SV, which in our modeling immediately converts 
to a DV and a Si adatom [11]. Each of these species diffuse according to the dynamics 
prescribed above. DV's which diffuse to descending step edges produce recession of those 
step edges, and those which find each other can potentially nucleate etch pits on the terraces 
of the vicinal surface [10]. 
Finally, we comment in more detail on the dynamics of the Si adatoms which are 
formed by SV to DV conversion. These Si adatoms diffuse along Si dimer rows with low 
barrier of ESi = 0.67 eV, and across such rows with a barrier of ESi =1.0 eV, both determined 
from experiment [17]. The prefactor for such hopping is vSi = 1013/s. We assume that 
diffusing Si adatoms can cross Sa steps without interaction, but they are adsorbed at Sb steps 
becoming part of the substrate. If a Si adatom meets an O adatom, instantaneous reaction is 
assumed to occur producing SiO which desorbs. The choice of instantaneous reaction is 
motivated by the SIMOMM analyses of SiO desorption barriers for unpaired Si atoms, as 
described above. 
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RESULTS FOR ETCHING OF VICINAL Si(100) 
In this section, we present results from our atomistic model for simulated vicinal 
Si(100) surface morphologies. In Fig.2, all images are 98 x 98 nm2 and correspond to 550 C. 
The terraces are ascending from left to right. First, in Fig.2a, we show results for the 
equilibrium morphology in the absence of etching. Alternating rough Sb and smooth S a steps 
are evident. The model shows that steps become smoother at lower T, but behavior at 500C 
has changed little from 550 C and matches well experimental observations, e.g., in Ref.9. 
Next, in Fig.2b, 2c, and 2d, we show an etch sequence for P02=6 x 10"8 Torr corresponding to 
roughly Vi, 1, and 2 layers of Si removed, respectively. Initially, the Sb steps recede much 
faster than the Sa steps disrupting the approximate equilibrium balance between the 
populations of the two types of terraces. This imbalance persists with subsequent etching. 
Not surprisingly, analogous behavior is seen during step-flow growth resulting from 
deposition of Si on vicinal Si(100) [18]. After etching of 1 layer, oxide islands have already 
formed and begin to pin recession of step edges. More dramatic "fingers" develop after 
further etching as a result of this pinning, as well as "break-away" Si islands resulting when 
the fingers pinch-off. Such an island underlies the right-most oxide cluster in Fig.2d. As 
mentioned above, all of these features are apparent in STM studies [4,5]. 
Next, we examine etching behavior at 550 C for higher Po2=8 x 10"7 Torr which 
serves to enhance the formation of etch pits on terraces relative to step recession. Fig.3 show 
a 75 x 75 nm2 region of etched surface revealing an alternation between nucleation of etch 
pits on terraces where the dimer rows are parallel to the steps, and pure step recession on 
terraces where the dimer rows are orthogonal to the steps. This behavior should be expected 
since the DV density will grow higher on the former terraces where DV's cannot so easily 
reach the step edges, and thus nucleation of etch pits is enhanced. Analogous behavior is seen 
in studies involving deposition of Si on vicinal Si(100) [18]. The etch pits tend to be aligned 
with the dimer rows, reflecting their preferred equilibrium elliptical structure [19]. However, 
shape equilibration is not possible on the time scale of etching, so they are somewhat 
irregular. Finally, we note that pit nucleation occurs in between the near-equilibrium [20] and 
far-from-equilibrium [8, 21] regimes. 
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Oxide Nucleation 
Oxide Growth 
Vacancy Pit 
Fig.6.1. (a) Schematic of key atomistic processes in the etching and oxidation of vicinal 
Si(100) 
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Fig.6.2. (a) Equilibrium structure at 550 C of vicinal Si(100) ascending left to right; (b-d) 
Morphologies after etching of V2 , 1 , 2 layers of Si. Oxide islands are white. Size: 98 x98 
nm2. 
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Fig.6.3. Alternating etch pit formation and step flow at 550C for higher P02- Size: 75 x75 
nm2. 
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APPENDIX 7. ANALYSIS OF EQUILIBRATED PINNED STEP 
SECTIONS DURING EXPOSURE OF VICINAL Si(100) TO OXYGEN. 
During oxidation of vicinal Si(100), oxide clusters near step edges may cause local 
pinning of the underlying Si substrate, but may not prevent recession of the step section in 
between the pinning sites. Provided that step etching is not too fast or the separation between 
these natural pinning sites is "small" (compared with the width of the terrace), this section 
would assume an equilibrated shape influenced only by the energetics (subject to a constraint 
specifying the amount of material etched). 
(i) ISOTROPIC STEP ENERGY. 
The simplest case would be to assume that the step energy is isotropic. Then, we can 
formulate the following idealized problem. Suppose that the distance between two pinning 
sites located at A and B is 2d. For a given average height of the step structure between these 
sites, what is the equilibrium shape of the curve defined by this structure? (Note that 
specifying the average height of the step is equivalent to specifying the area of the region 
bounded by the curve defined by the step section and the line joining A and B). 
A related problem in calculus of variations, the so-called isoperimetric problem [1-2] 
can be stated in the following way: among all closed curves in a plane with a prescribed 
perimeter, which curve maximizes the area of its enclosed region? This is equivalent to the 
inverse statement: among all curves in a plane enclosing a fixed area, which (curve) encloses 
the minimum perimeter? A modified version of the problem can be formulated as follows: 
given an integral, J = £ G(x, y, y' )dx, of a specified value, S, we seek to optimize another 
integral I[y(x)]= F(x, y, /) dx by finding the unique curve y(x) satisfying the boundary 
condition that it passes through A and B . See Fig. 7.1. According to Euler method, this 
problem is solved by finding a solution to the Euler-Lagrange equation 
d_ 
dx 
dE 
ay 
-^=0, 
4» 
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where E is the Lagrangian function E(x,y,y',/l) = F(x,y,y ) + /lG(x,y,y'), and where A is a 
constant. 
Going back to our problem, the value of the integral J is the fixed area, S, bounded by 
the curve defined by the boundary of the step section pinned between A and B and the line 
joining A and B, and I is the perimeter of this curve which we are trying to minimize. See 
Fig.7.2. Therefore, F --^1+ y'2 and G = y, and E =sjl + y'2 +Ày. Applying theEuler-
Lagrange equation on E, we get 
A y + , * = constant, 
Vï+71 
which, upon the substitution X -- , can be transformed into 
y +/L , ^ = constant. 
We have just transformed the original "inverse" isoperimetric problem into the classic 
isoperimetric problem, whose solution abounds in the literature [1,2]. We will follow closely 
the solution given in Réf. 1. Substituting tan (p for y ', we have 
y + A2 cos cp - constant, or, 
y - ct = A2cosç, 
where c, is a constant. 
Also, since dx = cotçdy = -/l2cos^d^, upon integration, this yields 
x - c 2 =- A2 sin ç, or 
( X - C j 2 + ( y _ c J 2 =  
Clearly, the curves are arcs of radius |/t2|. 
There are two cases to consider. Let 21 be the perimeter of the curve in question, 
(a) S < Y2 ftd2, or equivalently, a < / < ^ -
The required curve is an arc. During the early stage of etching, the pinned step section's 
shape would roughly correspond to that of an arc. When S = , the curve is a semi­
circle. See Fig.7.3 
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(b) S >y^7id2 , or l> Y} xd . 
The required curve is a rectangle capped by an arc. See Fig.7.4 More complete discussion is 
found in Réf. 1. 
(ii) ANISOTROPIC STEP ENERGY 
To account for anisotropy in the step energy, a weighted differential length, 
consisting of a step free energy per unit length, /3{(p) and a differential length term in the 
integral for the perimeter, 
1= J /3((p)-y]l +y'2dx , 
where ç gives orientation of the step and is given by ç- tan™1 y' + 7t/ 2 ,  w i l l  b e  u s e d  
instead. See Fig. 7.5. We note that for Si(100) the shape of islands and pits, at least at high 
temperature, is roughly that of an ellipse. In addition, there is a general result elaborated on 
in an article by Zia and Avron [3] which asserts that if the line tension ( or in our case the 
step free energy per unit length) is of the form of an "inverted" ellipse, then the 
corresponding equilibrium shape of the crystal is an ellipse. Together, these two observations 
suggest a step free energy of the form 
P(ç) =—{p2 cos2 (p + a2 sin2 (pf1, 
ab 
which is that of an "inverted" ellipse. Note the current problem is an extension of the 
isotropic case where F= /3(<p)^ 1+ y'2 ( instead of ^/l+ y'2 ). The challenge now is to express 
/3((p) in terms of fi{y ). We do this by noting that 
(fy y 
cos (p - - sin y/ = = = 
• y j d x 2  + d y 2  ^ l + y 2  
a, dx 1 Also, sin ç  - cos i f f  - — =  = . -, and so 
J3((p) = — {b2cos2 (p + a1 sm2 (pY2 becomes 
ab 
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ab 
/ '2 
2 y + a2 
i r i 
v 1+ y l + y' V a J 
According to Euler-Lagrange methods we now optimize the function E= ¥ + A  G, 
where E is given by 
E = F + AG = -
b 
\ b2 ^ 
i + ^ y 
V a 
+ Ay 
The Euler-Lagrange equation 
dE_ = _a_ 
dy dx 
dE 
can be integrated to yield an equation that will describe the shortest curve. We can now 
evaluate the partial derivatives: 
y dE_ _ dE_ _b_ 
dy ' dy a2 
We get, 
A-
d_ 
dx 
y 
a l  +  V z y  
a 
=  0 .  
Integrating once, we obtain 
b y 
Ax — 
a 1 + % y *  
= C, 
Let z =  A x - q .  Then, 
z 2  +  y i % z * - %  l = o .  
Again, setting w 
2  
= b 2  z2 to simplify the form of the equation, we get 
w 
= ^ y  
^ 2 
— — w 
Taking the root of both sides yields 
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w 
= ±V 
a 
- w 
We choose (+), then integrate one more time 
w 
- d w  =  — ( y  +  c 2 )  
• - w - w 
a 
a 
bA 
• w 
a a 
Squaring both sides of the equation leads to, 
b  
- ^ j Z 2  = - j ^ 2 ( y  +  c 2 f ,  noting that-2 - b ~2 
a4 a2 
:w z • 
a a~ 
Simplifying further and switching back to the original notation ( z  =  A x  -  c x ) , we get the final 
form 
b2{y-ci)2 + ' 
\ 2  
/I 
1 
1 
This is an equation of an ellipse with YaA and as the semi-minor and semi-major axis, 
respectively. 
Again, following the discussion in the isotropic case, there are two cases. (Note that 
had we chosen (-), instead of (+) the outcome would have been the same.) 
Z \ 
(a) S < ynn — (ti?2). 
Here, the curve is a section of an ellipse whose semi-minor and semi-major axis is given 
by YaA and , respectively. 
(b) S > Y07t — ](<i2). This is a rectangle capped with a portion of an ellipse. 
\b 
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